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Abstract

It was found, that contrary to the predictions of classic continuum plasticity theory,
the plastically deformed zone below nano-, micro- and macroindentations is not self-
similar. Rather, different stages of deformation associated with varying sizes of the
deformed regions were detected.

Examining cross-sections through nanoindentations in copper by means of elec-
tron backscatter diffraction (EBSD) technique, show that different characteristic
deformation patterns occur. For large nanoindentations (2.5 mN–10 mN) a plasti-
cally deformed zone, which consists of three characteristic regions is found, while for
shallow nanoindentations (≤ 1 mN) only two characteristic sections appear. Due
to these findings it can be assumed, that a change in the deformation mechanism
between large and shallow nanoindentations takes place. Analysis of the correspond-
ing hardness data in terms of geometrically necessary dislocations (GNDs) using the
Nix-Gao model, supports the assumption of a “mechanism change”. To explain the
observed behavior, two models based on possible dislocation arrangements are sug-
gested and compared to the experimental findings. The model presented for large
imprints is similar to the dislocation pile-up model explaining the Hall-Petch effect,
while the model for shallow nanoindentations uses far-reaching dislocation loops
to accommodate the shape change caused by the indenter. Further evidence for
a change of the deformation mechanism were delivered by additionally performed
transmission electron microscopy (TEM) experiments. As the TEM experiments
show, the plastically deformed zone of large nanoindents consists of high density
dislocation networks, intermitted by almost dislocation free regions. The defor-
mation zone found for small nanoindentations, however, looks somewhat different.
Instead of dense networks of dislocations, the plastically deformed zone is built up
by single dislocation loops surrounding the imprint.

The plastic deformation zone below microindentations (> 10 mN–300 mN) can as
well be divided into three characteristic regions. Noticeable is, that the dimension
of the zone where significant changes of the orientation occur, is proportional to the
size of the imprint.

For macroindentations (> 300 mN–100 N) the plastically deformed zone consists
of only two characteristic regions. The identified regions exhibit a structure, which
is typical for low and medium deformed face-centered cubic single crystals of pure
metals. With increasing load, dislocation substructures which exhibit orientation
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Abstract

fluctuations in the micron regime, occur.
Summarizing the microstructural results of all examined indentations it becomes

apparent, that the size of the indentations cover a wide range of the different scales
of structural evolution, appearing during the deformation of a single crystal. It
seems that the hardness of a material varies with the size of indentation, as the flow
stress of a single crystal with the evolving substructure.

X



Istud, quod tu summum putas,
gradus est

What you think is the summit,
is only a step up

Lucius Annaeus Seneca (4 AC–65 AD)
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1
Introduction

1.1 A short review on indentation size effect

Indentation testing is perhaps one of the most common methods to characterize
the mechanical properties of a material. In such a test, a hard tip of spherical or
pyramidal shape is pressed under a fixed load into the material.1 The hardness is
then expressed as the ratio of the load to the imprint area. The first widely accepted
and standardized hardness test was a technique proposed by Brinell in 1900, where
a hard steel ball is used as indenter.2 Using the Brinell hardness test, Meyer3

performed a series of investigations and found that the hardness of a material is
not load-independent. For a given ball diameter of the indenter, he expressed the
following empirical relationship:

P = adn (1.1)

Here P is the load, a and n are constants of the material under examination and
d is the diameter of the residual impression. Plotting P versus d in a logarithmic
diagram results in curves which are straight lines, of which the slope is numerically
equal to the so-called Meyer index n. This method of determining n is known as
“Meyer analysis” and has been used as a test for the hardness-load dependence. An
n-value less than 2 indicates an increase of hardness with decreasing load, whereas
for an n-value larger than 2, the hardness decreases with decreasing load. If the
Meyer index equals 2, there is proportionality between load and imprint area, and
the hardness is load-independent. However, it was found that the value of n is
typically unequal 2, indicating a load-dependency of the hardness.

An explanation for the observed behavior was delivered by Tabor,4 who attributed
the appearing load-dependence to the fact that ball indenters do not produce geo-
metrically similar imprints, since the angle between imprint flank and sample surface
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1 Introduction

changes with the depth of penetration. One type of indenter, which meets this geo-
metric similarity, is the Vickers indenter.5,6 Consequently, Meyer analysis of Vickers
hardness data should yield a constant Meyer index of 2. In the following many stud-
ies were performed using the Vickers hardness test and it was found that the Vickers
hardness as well is load-dependent, especially at low loads.6–9

In the following, great efforts were made to explain the observed behavior. Gen-
erally, two sets of explanations can be distinguished. The first set concerns experi-
mental errors,10 resulting from the resolution of the objective lens,11,12 the geometry
of the indenter,13 friction between indenter and specimen13–15 and errors associated
with sample preparation.7,8, 16,17 The second set1,18 is directly related to the in-
trinsic structural factors of the tested materials, including e.g. indentation elastic
recovery14,19–25 and work hardening during indentation.1 The conclusion was, that
load-dependent hardness is a genuine effect and is not caused by instrumental errors
or the presence of a surface layer. A more detailed review on the early work of
load-dependent hardness can be found in the work of Mott.1

One of the first systematic investigations on load-dependency of hardness, was
performed by Upit and Varchenya26–29 on various single crystalline materials, us-
ing a low-load microhardness testing device. Upit and Varchenya found that the
increase in hardness with decreasing load, is associated with a corresponding re-
duction of the size of dislocation assemblies, surrounding the indentations. They
called the observed variation of hardness with load, “size effect”. However, the term
“indentation size effect” (ISE) was accepted years later. At the same time, Gane
and Cox30,31 performed indentation experiments on single crystalline gold. Gane
and Cox found, that hardness could be increased by a factor of three when decreas-
ing the contact diameter down to 200 nm. They suggested, that the increase must
have some fundamental origins, connected to dislocation processes occurring in the
stressed volume around the indenter.

More than one decade later, the development of instrumented nanoindentation
techniques rekindled the interest in the phenomenon of load-dependent hardness.
Instrumented indentation technique was used by Pethica et al.32 to perform hard-
ness tests on nickel, gold and silicon using indenter penetration depths as low as
20 nm. The indenter penetration was monitored continuously during loading and
unloading, while the areas of the indents were determined by means of a scanning
electron microscope (SEM).33 For every material under examination a pronounced
indentation size effect was found, especially for depths less than 100 nm. Pethica et
al. explained the indentation size effect by local extreme work hardening, since all
glide planes are active and intersecting in regions less than 100 nm across.32

Further improvement of instrumented nanoindentation technique was achieved
by the work of Doerner and Nix34 as well as Oliver and Pharr.35 The enhanced
technique made the determination of mechanical properties from load-displacement
curves possible, even when the indentations were too small to be imaged conve-
niently. Driven by the growing interest in the deformation of small material volumes
caused by the development of thin films and the increased use of nanostructured ma-
terials, load and displacement sensing indentation became a major tool to investigate
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1.1 A short review on indentation size effect

the mechanical properties of materials. Many authors used this by now economi-
cal and routine method, and as a consequence research in this field continuously
increased.

To account for the size dependency of strength, Fleck and Hutchinson36 intro-
duced a new plasticity law, the so-called strain gradient plasticity (SGP) theory.
Founded on the concept of geometrically necessary dislocations (GNDs),37–40 the
SGP theory incorporates a material length scale and thus can describe many size
effects in plastically deforming metals.41,42 Fleck et al.41 have pointed out, that
the indentation size effect for metals can be understood by noting that large strain
gradients inherent in small indentations lead to GNDs that cause enhanced hard-
ening.43 The same physical description was given earlier by Stelmashenko et al.44

and De Guzman et al.45 to explain the phenomenon of depth-dependent hardness,
however, connections to strain gradient plasticity theory were not made.43 Ma and
Clarke,46 who investigated size dependent hardness of silver single crystals, used an
identical physical description and finally recognized its connection to SGP theory.43

A more detailed review on strain gradient plasticity theory can be found in.47–50

Using the concept of geometrically necessary dislocations, Nix and Gao43 sug-
gested a mechanism-based ISE model. Since the so-called Nix-Gao model is the most
cited description in order to explain the ISE, in the following a detailed overview of
the model is given. Nix and Gao considered, that indentation is done by a rigid cone
which is accommodated by circular loops of GNDs with Burgers vectors normal to
the plane of the surface. Assuming that the injected loops are stored in a hemisphere
under the contact perimeter, the GND-density becomes

ρG =
3

2bh
tan2θ (1.2)

where b is the Burgers vector, h is the depth of indentation and θ is the apex
half-angle of the indenter. Dislocations which are created additionally to GNDs by
other nucleation processes, and those which were already present in the material
prior to indentation, are called statistically stored dislocations (SSDs).39 Using the
Taylor relation,51,52 the deformation resistance can be estimated as follows:

τ = αµb
√
ρG + ρS (1.3)

where α is a constant, µ is the shear modulus and ρS is the density of SSDs.
Assuming that the von Mises flow rule54 and Tabors rule53 apply, the following
expression can be found:

H

H0
=

√
1 +

h∗

h
(1.4)

where

H0 = 3
√

3αµb
√
ρS (1.5)
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1 Introduction

is the hardness that would arise from the statistically stored dislocations alone,
and

h∗ =
81
2
bα2tan2θ

(
µ

H0

)2

(1.6)

is a length that characterizes the depth dependence of the hardness. As can be
seen, the indentation size effect can be predicted by Eq. 1.4. For large penetration
depths, the ratio h∗/h is negligible and the hardness is equal to H0, while in cases,
where the indentation depth h is of the same order of magnitude as h∗, the inden-
tation size effect is included. It can be seen from Eq. 1.4, that a linear relationship
between H2 and 1/h exists, which agrees well with the microindentation hardness
data obtained by McElhaney et al.55 and Ma and Clarke.46

However, as many experiments showed, nanoindentation data do not follow this
linear trend over the whole measurement range.56–59 Especially at small indenta-
tion depths, the hardness data start to deviate from the predicted linear curve.
To account for the observed non-linear behavior, many authors modified the con-
ventional Nix-Gao model using different approaches like incorporating the effect
of intrinsic lattice resistance,60 varying the GND-density or the GND-storage vol-
ume50,58,59,61–64 or taking into account the indenter tip roundness.65,66 The most
prominent of the aforementioned approaches is those which deals with an expansion
of the GND-storage volume, and as a consequence several efforts have been made
to quantify the plastically deformed volume.67–70 The results of the accomplished
experiments, which are mainly transmission electron microscopy (TEM) plane views
through the indented area, confirm that the plastically deformed zone expands far
beyond the suggested hemispherical volume. The appearance of far-propagating
dislocations is also corroborated by in-situ TEM nanoindentation experiments,71 as
well as by numerous computer simulations.72–76

1.2 Aim of the present work

The aim of the current work is to better understand, how the size of the plastically
deformed volume influences the resistance of a material against plastic deformation.
This is important, since the successful design of nano-composites, micro-electro-
mechanical system (MEMS) devices, thin films, optoelectronic devices or the de-
velopment of high strength nano-structured materials, depends on the knowledge
of basic deformation mechanisms, operating at small scales. From the macroscopic
point of view, the deformation behavior of materials can be described by contin-
uum plasticity models. However, discrete dislocation processes inside the material
are ignored in such models. Consequently, when decreasing the size of the deformed
volume, the discrete nature of plasticity has to be considered. This is necessary, since
local mechanical properties are directly linked to the deformation structure at this
level. To get insight into the deformation behavior of the material at the microscale,
indentation techniques were used to study basic deformation mechanisms in small
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1.3 Summary of the thesis

volumes, as well as how strain gradients, obstacles (e.g. grain boundaries), etc.,
influences these mechanisms. Special attention was paid, to explain the observed
effects by the use of simple metal physical concepts.

1.3 Summary of the thesis

In order to investigate the deformation mechanisms responsible for size effects in
indentation experiments, several cross-sections through nanoindentations in copper
{111} single crystals were fabricated by means of focused ion beam (FIB) tech-
nique (see paper A). The indentations, with loads between 500 µN and 10 mN,
were produced using a Hysitron TriboScope, fitted with a cube corner indenter.
On the readily polished cross-sections, electron backscatter diffraction (EBSD) in-
vestigations were performed, to get quantitative information about the appearing
microstructure and the occurring deformation mechanisms. For large nanoindenta-
tions, i.e. 10, 5 and 2.5 mN, respectively, a deformation zone consisting of three
distinct regions which exhibit significant crystal orientation changes was found. The
plastically deformed volume of indentations produced at smaller loads (≤ 1 mN),
on the other hand, consists of only two characteristic regions. Comparing the de-
formation zones found for large and for small nanoindentations show that they are
not self-similar. Furthermore, the plastically deformed volume relatively increases,
as the indentation depth decreases.

Differences between large and shallow nanoindentations were also found in the
misorientation profiles across the indenter flank. For large imprints a misorientation
plateau close to the indenter flank appears, followed by an exponential decrease
of the misorientation towards the undeformed crystal. The misorientation profile
for shallow nanoindentations exhibits no misorientation plateau. However, starting
directly at the indenter flank, the misorientation decreases exponentially.

Considering the experimental findings it can be assumed that a change of the
deformation mechanism between large and shallow imprints occurs. To check this
assumption, the determined hardness data were analyzed using Nix-Gao plots, where
the square of the hardness is plotted versus the reciprocal indentation depth. Con-
trary to the predicted linear trend a bi-linear relationship with different slopes for
large and for shallow nanoindentations was found. Like the results obtained from the
EBSD experiments, this observation as well indicates a change in the deformation
mechanism.

To explain the observed mechanism change, two models based on possible dislo-
cation arrangements are presented and compared to the experimental findings. For
large indentations, a dislocation pile-up model similar to those used to explain the
Hall-Petch (H-P) effect is suggested, while in the model for shallow imprints far-
reaching dislocation loops accommodate the shape change caused by the indenter.
Comparing the models to the experimental findings, show very good agreement. The
dislocation model describing large imprints accommodates the shape of the indenta-
tion and explains the observed crystal orientation changes, and those proposed for
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1 Introduction

shallow nanoindentations reflects the observed only slight orientation changes in an
excellent manner.

Since both suggested models are associated with mechanisms that are based on
the pile-up∗ of dislocations, the hardness data were also plotted in terms of the
Hall-Petch relation. It was found that the regime for large nanoindentations as well
as those for shallow ones show a linear trend in the Hall-Petch plot too. Due to this
finding, it would appear that pile-up based deformation mechanisms are responsible
for the accommodation of large and shallow imprints.

To confirm the appearance of a deformation change as well as to find evidence
which support the proposed dislocation models, TEM investigations of the plasti-
cally deformed volume are of great interest. Thus, cross-sectional TEM samples
through nanoindentations made at loads of 10 mN and 0.5 mN, respectively, were
fabricated (see paper B)†. For the high load indentation, a deformed volume consist-
ing of highly confined deformation-induced patterns was found. The TEM analysis
of the indentation made at 0.5 mN, however, exhibited deformation patterns which
are ambiguous. Instead of a dense dislocation network, which encloses the large
indentation, the small indentation is surrounded by only few dislocation loops. Ad-
ditionally performed selected area electron diffraction (SAED) shows large orienta-
tion gradients beneath the deep imprint, and only small gradients near the shallow
indentation. It is assumed that the plastic zone of small nanoindentations consists
of dislocation loops, which propagate far into the bulk material and induce the ob-
served only slight misorientation gradient. This observation is in contrast to one
of the basic predictions of the Nix-Gao model, that especially for very small inden-
tations a high strain gradient occurs. As a consequence, the following question is
raised: “Where are the geometrically necessary dislocations at small indentations?”

To answer the question, the deformation zones below nanoindentations performed
in the vicinity of a twin boundary, were investigated (see paper C). Since it is as-
sumed, that GNDs required to realize the permanent shape change of the surface
propagate far into the bulk, introducing a barrier should result in a dislocation pile-
up and as a consequence in increased misorientation and hardness values. A twin
boundary of known orientation was used as well defined dislocation obstacle. EBSD
examinations of the plastically deformed volume exhibited regions of increased mis-
orientation in front of the boundary. Comparing the found deformation zone to the
deformation zone found beneath an imprint in a copper single crystal, confirms that
the twin boundary stops the otherwise far-propagating dislocations. Similar results
were found in additionally performed TEM experiments. As the TEM micrograph
of a 0.5 mN imprint shows, a very dense dislocation network between imprint tip
and twin boundary appears. However, the regions besides the dislocation network
are almost dislocation-free. Since the piled-up dislocations produce a large back

∗ In addition to the classical understanding, in this work the term “pile-up” also refers to an
arrangement of dislocations in a “pile-up”-like structure, where the back-stress is produced by
expanding dislocation loops pushed into the bulk.
† Additional information on the preparation of TEM samples using the in-situ lift-out method and

low energy FIB milling can be found in paper G.
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1.3 Summary of the thesis

stress which impedes subsequent dislocation generation, the hardness in the vicinity
of the twin boundary should be increased. In order to check this assumption, the
dependence of the hardness on the distance to the twin boundary, was measured. It
was found that the hardness increases significantly as the distance to the boundary
is decreased. This fact further indicates that small indentations are accommodated
by a mechanism which is based on the pile-up of dislocations.

The suggested dislocation models are supported by many of the experimental
findings. However, an analytical treatment of the dislocation arrangements in order
to check if they are realistic, is as well of great interest. Thus, in paper D, the
shear stress required to obtain the proposed dislocation arrangements is estimated.
Since the model describing the indentation process of large imprints shows similarity
to the Hall-Petch effect, the H-P relation is used for shear stress calculation. For
shallow imprints, on the other hand, the required shear stress can not be estimated
in this way. Due to the fact that single dislocation events are very important for
the accommodation of small imprints, the dislocation source size as well as the
back stress originating from previous emitted dislocations are considered for stress
calculation. Using Tabors rule the calculated stresses were converted into hardness
values and compared to the measured hardness. Although the performed estimations
are only rough, very good agreement between calculated and measured hardness was
found.

Up to now, all of the mentioned experiments were performed on copper crys-
tals. However, it is well known that dislocation patterns, formed during plastic
deformation, are dependent on the stacking fault energy (SFE). Thus, metals with
differing SFE might show different dislocation arrangements. As a consequence, the
plastically deformed volume below indentations made in various metals, should be
different. In order to check this assumption, EBSD investigations of cross-sections
through nanoindentations in silver, copper and nickel, were performed (see paper E).
Comparison of the obtained misorientation maps of the various metals showed that
no significant differences between the plastically deformed zones exist. Since the
occurring dislocation arrangements are directly linked to the hardness of a metal,
in addition the impact of the SFE on the ISE of the different metals was exam-
ined. For this purpose, nanoindentations with loads between 40 µN and 10 mN
were made. Plotting the obtained hardness data in a conventional hardness versus
indentation depth (H vs. h) plot showed no considerable effect of the SFE on the
ISE. Even though the hardness of all three metals differs significantly, the general
H vs. h behavior is very similar. To normalize the hardness curves, the reduced
indentation modulus was identified to be the most suitable parameter. Comparison
of the normalized hardness curves exhibited, that the curves are almost on top of
each other. Due to these observations, as well as the results obtained from EBSD
studies it become apparent that the SFE do not influence the ISE, not even at small
indentation depths. This fact further supports the assumption that for small im-
prints the dislocation source stress as well as the back stress of dislocations are the
most important parameters controlling the hardness of a metal.

In the aforementioned experiments, the plastically deformed volume below nanoin-

7



1 Introduction

dentations made with loads between 0.5 mN and 10 mN, were investigated. But what
happens to the microstructure, if the applied load and consequently the indentation
depth is further increased? This question is addressed in paper F, where by means
of EBSD technique the plastically deformed zones of imprints up to loads of 100
N are investigated. Analysis of the EBSD misorientation maps shows that three
characteristic “microstructural” regimes can be distinguished. Regime α, where the
imprints are smaller than 200 nm, is characterized by deformation patterns showing
only slight misorientation changes. In regime β, where the indentations are between
200 nm and 10 µm in depth, the microstructure exhibits distinctive changes of the
orientation. In this regime the dimension of the misorientation patterns is propor-
tional to the size of the indentation. Moreover, the orientation differences increase
with growing indentation depth, especially between 200 nm and 1 µm. Regime γ,
on the other hand, associated with indentations larger than 10 µm, is indicated by
a substructure which typically forms during the plastic deformation of face-centered
cubic single crystals of pure metals. Plotting the corresponding hardness data in a
logarithmic diagram shows that the “microstructural” regimes are reflected in the
hardness curve, too.

Analysis of the appearing microstructure showed, that the size of the indents
covers a wide range of the different scales of structural evolution occurring during the
deformation of a single crystal. Due to the differences in the developed dislocation
substructure it is not surprising that hardness changes with the size of indentation.
It seems that the hardness of the material varies with the size of indentation, as the
flow stress of a single crystal with the evolving substructure. It has to be noticed that
the finest substructure forms at small imprints and the substructure size increases
as the indentation depth is increased. Only for very shallow imprints the source size
becomes important and has to be considered additionally.
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A
Microstructural investigation of the

volume beneath nanoindentations in
copper

M. Rester, C. Motz and R. Pippan

Erich Schmid Institute of Materials Science, Austrian Academy of Sciences,
A–8700 Leoben, Austria

Abstract

The deformed volume below nanoindentations in copper single crystals with a〈
110
〉
{111} orientation is investigated. Using a focused ion beam workstation, cross-

sections through nanoindentations were fabricated and examined using the electron
backscatter diffraction technique. Additionally a transmission electron microscopic
foil through the middle of an imprint was prepared and analysed. Due to changes
in the crystal orientation around and beneath the indentations the plastically de-
formed zone can be visualized and compared with the measured hardness values.
Furthermore, the hardness data were analysed in terms of geometrically necessary
dislocations using the Nix-Gao model, where a linear relationship was found for H2

vs. 1/hc, but with different slopes for large and shallow indentations. The ori-
entation “micrographs” indicate that this behavior is associated with a change in
the deformation mechanism. Consequently, two models based on possible disloca-
tion arrangements are presented and compared with the experimental findings. For
large indentations a dislocation pile-up model similar to those used to explain the
Hall-Petch effect is suggested, while the model for shallow imprints uses far-reaching
dislocation loops to accommodate the shape change of the indenter.
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A Microstructural investigation of the volume beneath nanoindentations

A.1 Introduction

The characterization of the deformation zone below indentations has been an area
of active investigation in order to improve the understanding of the mechanisms
occurring during indentation. Early works focused on the visualization of the de-
formed volume beneath microindentations by means of light microscopy using split
samples1,2 or cleaving indented specimens.3 In recent years the use of the focused
ion beam (FIB) technique has simplified the fabrication of cross-sectional samples
and allows a more accurate examination of the deformation zone. Tsui et al.4 and
Inkson et al.5 used this technique to investigate cross-sections through indentations
by means of a scanning electron microscope (SEM). However, implementation of
the electron backscatter diffraction (EBSD) technique in SEMs facilitated a more
accurate study of the deformed volume below indentations. Zaafarani et al.,6 for
example, used three-dimensional EBSD to investigate the texture and microstruc-
ture below a 900 nm deep spherical indentation. Kiener et al.,7 on the other hand,
applied conventional EBSD technique to study the plastically deformed volume be-
low Vickers indentations down to an indentation depth of 700 nm. However, to get
information about individual dislocation arrangements associated with the deforma-
tion, the use of a transmission electron microscope (TEM) is essential. Most of the
accomplished work focused on the investigation of TEM plane views through the
indented area.8–14 Nowadays use of the FIB technique simplifies sample preparation
and makes the extraction of site-specific TEM foils feasible.15–22 A recent devel-
opment is in situ nanoindentation performed in a TEM, which provides real-time
observations of the mechanisms of plastic deformation that occur during indenta-
tion.23,24

Attempts to investigate the deformation zone below imprints have been made
over the whole range of indentation depths, from micro- down to nanoindentations,
whereas EBSD examinations play an important role. To date, the performed EBSD
investigations have stopped at an indentation depth of about 1 µm.6,7 The present
work extends the range of EBSD examinations down to indentation depths as small
as 300 nm. For this purpose, EBSD investigations of the microstructure and texture
below cube corner indentations in copper down to 300 nm indentation depth are
presented. Furthermore, an explanation of the deformation mechanisms occurring
during indentation as well as their consequences for the indentation size effect (ISE)
is suggested and compared with experimental results.

A.2 Experimental details and materials

Single crystals of copper with a
〈
110
〉
{111} orientation were prepared by wet grind-

ing and mechanical polishing. To remove any deformation layer produced during
mechanical polishing the {111} surface planes used were subsequently electropol-
ished. The plane perpendicular to the {111} surface was carefully mechanically
polished in order to obtain a sharp edge. Several indentations were produced in the
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A.2 Experimental details and materials

Figure A.1: SEM micrograph showing indentations placed in the vicinity of a sample edge
before depositing a protection layer and cross-sectioning. The inset in the top
left part displays the corresponding crystal directions.

vicinity of the specimen edge with loadings between 500 µN and 10 mN (see Figure
A.1). The experiments were performed with a Hysitron TriboScope fitted with a
cube corner indenter exhibiting a tip radius of about 40 nm. Cross-sections through
the center of the indentations were fabricated using a FIB workstation (LEO 1540
XB). To protect the imprint against damage caused by the impact of Ga+ ions a
approximately 500 nm thick layer of tungsten was deposited. Before depositing the
protection layer the center of the indentation was marked in order to obtain the
cross-section right through the middle of the imprints. A milling current of 10 nA
was used to remove material in front of the indentation. In the last milling step the
current was set to 500 pA for the large imprints and 200 pA for the smaller ones.
Subsequently, EBSD investigations of the polished cross-sections were performed us-
ing a field emission SEM (LEO 1525) equipped with an EDAX EBSD system. Due
to changes in the crystal orientation caused by plastic deformation, the plastically
deformed zone can be visualized. The accuracy of the absolute orientation measure-
ment is 2-3°, while the relative misorientation can be measured with a precision of
0.5°. The scans were performed with a step size of 20 nm, resulting in ASCII files
containing 8000-100,000 orientation data points. The orientation deviation was cal-
culated using EBSD analysis software. To ensure proper pattern indexing, polishing
of the cross-sections and EBSD mapping was performed within a period of 24 h.

The Hysitron TriboScope was also used to determine the indentation modulus and
the hardness of the material at loads between 40 µN and 10 mN. To get accurate
results a calibrated area function of the cube corner indenter as well as a correct value
of the machine compliance is required. For these purposes, the procedure outlined by
Oliver and Pharr25 was applied. For all indentations a load-time sequence consisting
of 5 s of loading to maximum load, holding at peak load for 20 s in order to minimize
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A Microstructural investigation of the volume beneath nanoindentations

creep effects, and an unloading part of 17 s, including a holding period of 10 s at
10% of the maximum load was used. Three to five separate indentations were made
for every selected indenter load. The presented results are an average of these
indentations. The error bars in Figures A.8, A.9 and A.12 represent the standard
deviation of each set of measurements.

Additionally, a TEM foil was prepared using the FIB workstation. Again, the
center of the imprint was marked and a protection layer was deposited. By cutting
two trenches on each side of the imprint, a lamella with a thickness of about 2 µm
including the indentation was fabricated. After lifting out, the lamella was thinned
to electron transparency using Ga+ ions with a maximum acceleration voltage of
30 or 5 kV. TEM observations were made on a Philips CM12 TEM operating at 120
kV.

A.3 Results

Figure A.2 shows an SEM image of a readily polished cross-section through an
imprint indented with a maximum load of 2.5 mN. On these cross-sections EBSD
mapping was performed and the acquired data were used to calculate the misorien-
tation angles relative to the undeformed single crystal. To visualize the orientation
changes and consequently the dimensions of the deformation-induced zone, the calcu-
lated angles were plotted in misorientation maps, where crystal orientation changes
can be identified using a color code.

Figure A.2: SEM micrograph showing an inclined view of a readily polished cross-section
through the middle of a 2.5 mN indentation. The image was taken using
secondary electrons.

Figure A.3 shows misorientation maps of sectioned imprints indented at five dif-
ferent loads. A sketch showing how the indentations were cut is included at the
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A.3 Results

Figure A.3: Misorientation maps of indentations in copper for loads of 10, 5, 2.5, 1 and 0.5
mN. The sketch in the upper left part shows where the cross-sections through
the indentations were placed. The Roman numerals in the misorientation
maps denote characteristic regions.
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A Microstructural investigation of the volume beneath nanoindentations

upper left corner. On the left-hand side the imprint is cut through the face of the
indentation, while on the right-hand side the cross-section proceeds through the edge
of the cube corner imprint. Since it can not be ensured that the cross-section runs
exactly through the indentation edge only the region below the indentation face as
well as the area beneath the indenter tip is considered. Consequently, mirroring
the left-hand side of the deformation pattern along the indentation symmetry axis
would result in a rotation pattern comparable to that of a wedge indentation. To
characterize the deformation zone below the indentation and to make discussion
easier, the deformed area is coarsely divided into different sections. For indentations
made with loads greater than 2.5 mN the deformation zone is divided into three
characteristic regions, whereas the deformed area found below imprints made with
lower loads consists of only two parts. In the following the deformation zone of the
largest imprint as well as that of the smallest is analysed in detail.

Figure A.4: Misorientation maps and 112 pole figures of a 10 mN imprint. The insets show
the deformation pattern and the rotational direction of the regions containing
the indenter flank (a) and the indenter tip (b).

Figure A.4 presents the misorientation maps and corresponding pole figures of
an indentation made with a load of 10 mN. Since the indentation direction was
〈111〉 and the sample edge

〈
110
〉
, the examined plane belong to the

{
112
}

system.
As can be seen, section I, located on the left-hand side directly under the sample
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A.3 Results

surface, shows a rotation pattern with a huge lateral expansion (Figure A.4 (a)).
Taking all points of section I (dark green points in the inset of Figure A.4 (a))
and plotting them in a 112 pole figure shows a counter-clockwise rotation around a〈
112
〉

axis. Adjacent to section I and directly beneath the indenter flank is another
deformation-induced rotation pattern. This region, denoted section II, is rotated
contrary to section I. Analyzing the pole figure of section II (red points in the
inset of Figure A.4 (a)) reveals a clockwise rotation of the region around the

〈
112
〉

axis. Both deformation patterns are separated by an arrangement of geometrically
necessary dislocations (GNDs) inclined about 10° to the indentation direction and
running from the intersection sample surface-indentation face down into the crystal.

Figure A.5: TEM micrograph of a 10 mN indentation. The left part shows the whole
imprint while in the right part the indentation tip is enlarged. The arrow
marks a formed subgrain directly below the indenter tip.

The area below the indenter tip, denoted section III, which contains another de-
formation pattern, is presented in Figure A.4 (b). As can be seen in the pole figure,
section III is twisted in direct opposition to section II and in the same direction
as the deformation pattern found in section I. A single domain with a very high
misorientation of about 22°, which can be observed in the misorientation map, is
also plotted in the pole figure (brown points in Figure A.4 (b)). It would appear
that subgrain formation induced by the regionally high dislocation density beneath
the indenter tip occurs. To obtain more precise information about this area, TEM
studies were performed. For this purpose, a cross-section through a 10 mN inden-
tation was prepared and analysed. The TEM micrographs are shown in Figure A.5,
in the left part of which an overall view of the imprint is presented. The right mi-
crograph displays an enlarged view of the area around the indenter tip. Noticeable
is a droplet-shaped zone (marked with an arrow in the right part of Figure A.5)
enclosed by an area of high dislocation density. This fact verifies the possibility of
subgrain formation directly under the indenter tip.
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A Microstructural investigation of the volume beneath nanoindentations

Studying the imprints with loads below 1 mN yielded slightly different results
(see Figure A.6). In the same way as observed for high load imprints, two sections
(denoted by I and II) separated by an arrangement of geometrically necessary dis-
locations can be found. Information about the orientation changes are shown in
the added 112 pole figure. As can be seen, section I is rotated counterclockwise
around a

〈
112
〉

rotation axis, whereas section II is twisted clockwise. No region
below the indenter tip containing an opposite twisted deformation pattern, compa-
rable to those found at the high load imprint in section III, could be observed. The
deformation-induced pattern of section II rather extends to the indenter tip.

Figure A.6: Misorientation map and 112 pole figure of a 0.5 mN imprint. The insets show
the deformation pattern and rotational direction of a region containing the
indenter flank and the indenter tip.

In order to obtain information about the orientation distribution across the in-
dentation flank, the misorientation along lines tilted 50° to the sample surface was
measured. This angle was chosen to get a misorientation profile only through section
II, not across the boundary between sections I and II. The resulting misorientation
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profiles are presented in Figure A.7. As can be seen, for the 10 and 5 mN imprints
a misorientation plateau close to the indenter flank appears. The found plateau
value is approximately 8° for the 10 mN indentation and about 5° for the 5 mN
imprint. Following the orientation deviation plateau, the misorientation decreases
exponentially towards the undeformed crystal. For smaller imprints, i.e. 2.5, 1 and
0.5 mN, no misorientation plateau could be found. However, starting directly at the
indenter flank, the misorientation decreases exponentially.

Figure A.7: Misorientation profiles across the indenter flank for indentations performed
with loads of 10, 5, 2.5, 1 and 0.5 mN. The error for each individual datum
point is 0.5°, as indicated in the diagram.

Figure A.8 presents the results of the hardness measurement obtained for the
{111} surface of the copper single crystal. As can be seen, the dependence of the
hardness on contact depth is highly pronounced. Starting with a value of 2.75 GPa
at an indentation depth of 35 nm, the hardness decreases as the load increases,
reaching a plateau of approximately 1.1 GPa. The reduced indentation modulus
of the material can be found to be approx. 125 GPa and is rather constant over
the whole measuring range. It is common to use the modulus as an indicator to
check if the value of the compliance is correct. An incorrect compliance would re-
sult in a non-constant indentation modulus and erroneous hardness values. Since
only at small indentation depths increased scatter of the modulus data appear, the
compliance used seems to be correct. Analyzing the error which causes the scatter
of the modulus data shows that inaccuracies in depth measurement influence the
indentation modulus to a lesser extent than the hardness. Since the scatter of the
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A Microstructural investigation of the volume beneath nanoindentations

Figure A.8: Hardness and reduced indentation modulus as a function of the contact depth.
The arrows mark the hardness value for the smallest and largest imprints
investigated in the course of this work. Error bars are inserted only for those
datum points where the error bar is larger than the size of the symbol.

modulus values is not reflected in the hardness data, improper depth measurement
is not responsible for the observed modulus scatter. Instead, the spreading modulus
data can be linked to thermal drift effects, which occur preferentially at low inden-
tation depths where the ratio between thermal induced indenter displacement and
total displacement is large. The fact that the modulus is dependent on not only the
indentation depth can be seen in the following equation:

Er =
S
√
π

2
√
Ac

(A.1)

where Ac is the contact area and S is the contact stiffness which corresponds to the
slope of the elastic unloading dP/dh. For highly plastic materials, such as copper,
a very steep slope of the elastic unloading dP/dh is found. Due to the steepness of
the curve, small variations in the slope cause large changes in the contact stiffness
and consequently in the reduced indentation modulus. Especially at low indentation
depths, such slope changes caused by thermal drift effects occur. The result is the
observed scatter of the modulus data shown in Figure A.8.

Figure A.9 (a) displays a graph where the square of the hardness is plotted against
the reciprocal indentation depth. An enlarged view of the graph focusing on inden-
tation depths greater than 167 nm is shown in Figure A.9 (b). Based on an approxi-
mation of Nix and Gao26 that all GNDs are stored in a hemispherical volume below
the indenter tip, the relation between H2 and 1/hc should be linear over the whole
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A.3 Results

Figure A.9: Application of the Nix-Gao model to the measured hardness values: H2 vs.
1/hc plot (a) for the whole measurement range and (b) for depths larger than
167 nm. Error bars are inserted only for those datum points where the error
bar is larger than the size of the symbol.
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A Microstructural investigation of the volume beneath nanoindentations

depth range. In contrast, a bilinear characteristic with different slopes for indenta-
tion depths greater (regime α in Figure A.9 (a)) and smaller than 1 µm (regime β in
Figure A.9 (a)) was found. Analyzing the slopes delivers 0.51 µm GPa2 for regime
α and 0.21 µm GPa2 for regime β. The square root of the axis intercept correspond-
ing to the macroscopic hardness H0 is approximately 1 GPa for both regimes. It
should be noted that the datum point of the smallest imprint was excluded from the
analysis since the associated error was disproportionately high.

A.4 Discussion

Studying misorientation maps of various sized indentations shows that accommo-
dating the displacement imposed by an indenter is accomplished by changes in the
crystal orientation. However, the way the accommodation is achieved changes with
reducing indentation depth. For large imprints huge orientation changes can be
found, while for shallow indentations the appearing misorientation is only minor.
Consequently, the question is raised how the observed orientation changes can be
realized. A possible arrangement of geometrically necessary dislocations explaining
the observed behavior for large indentations is schematically shown in Figure A.10.
The suggested arrangement should accommodate the shape of the indentation as
well as explain the observed crystal orientation changes. Large indentations are al-
ways accompanied by the occurrence of a huge and far-reaching shear stress field.
Consequently pre-existing sources located near the indenter flank in the region de-
nominated A in Figure A.10 can be activated and are able to emit dislocation loops.
For the sake of simplicity, it is assumed that only two types of slip planes can gen-
erate dislocations, where one is perpendicular to the indenter flank and the other
parallel to it. The slip planes are chosen in such a way that the emitted disloca-
tions can build up the observed crystal orientation change, i.e. the schematically
indicated dislocations are geometrically necessary in terms of changes of orientation.
In reality, the slip planes might differ significantly from those suggested in Figure
A.10; however, the stored dislocations in the different regions have to cause the same
effect as the indicated dislocations. Thus dislocation loops which are generated on
slip planes perpendicular to the indenter flank start to move towards the indenter
and pile-up in front of it, producing the required large orientation changes (Figure
A.10, region 2). The formation of the pile-up, on the other hand, induces a sig-
nificant back stress to the sources and thus impedes further dislocation generation.
Dislocations exhibiting a contrary sign move in the opposite direction into a region
denominated 4 and, since they are very widely spread, the induced orientation gra-
dient is only slight. Dislocation loops generated on the second type of introduced
slip plane, parallel to the indenter flank, move into the region below the indenter tip.
Due to a change in the shear stress field, they are not able to overcome the center
region. Instead they form a pile-up at the “symmetry” line, causing the observed
misorientation at the indenter tip (Figure A.10, region 3). The other parts of the
loops move towards the free surface, where few of them exit the material. But the
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majority of the dislocations arrange themselves in the region where the shear stress
goes to zero by forming a “small angle grain boundary”-like structure, which is re-
sponsible for the misorientation changes in region 1. Although the model presented
is only a simplified arrangement of dislocations, it is in good agreement with the
crystal rotation directions of the different regions found in the EBSD analysis (see
Figure A.4).

Figure A.10: Dislocation model describing the indentation process of large imprints. The
letter A denotes a region where pre-existing sources (dots in region A) can
be activated and emit dislocations. The numbers 1-4 denominate regions
containing dislocations with characteristic sign.

Considering shallow indentations, on the other hand, poses the question why the
described mechanisms become less important with decreasing indentation depth. As
can be seen, lowering the indentation depth is directly linked to a diminishment of
region A in Figure A.10 and consequently to a decrease in the number of activatable
dislocation sources. The result is an increase in the back stress originating from
the dislocations piled up in regions 2 and 3, which consequently impedes the gen-
eration of further dislocation loops. Since the emission of dislocations is hindered,
other mechanisms, like the generation of dislocations lateral to the indentation, be-
come more important. These mechanisms are heterogeneous dislocation generation
induced by surface defects like fractured oxide layers as well as spontaneous dis-
location nucleation, which is well known from molecular dynamic simulations and
appears especially at very low indentation depths.27–30 A schematic arrangement of
the geometrically necessary dislocations accommodating a shallow imprint is sug-
gested in Figure A.11. The emitted dislocations form a kind of prismatic loop which
moves on the slip planes that are arranged very close to each other. As a conse-
quence, the recently generated dislocations push the previously created ones towards
the bulk material. However, for extremely shallow indentations the segment length
of the dislocations generated in region B becomes very small and as a consequence
the stress required to push the dislocations away from the indenter flank is pretty
high. Increasing the indentation depth and consequently the segment length of the
dislocations causes the observed decrease in hardness. It can be seen that such an ar-
rangement induces only slight orientation changes, which is in good agreement with
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A Microstructural investigation of the volume beneath nanoindentations

Figure A.11: Dislocation model showing a sequence of events occurring during indenta-
tion of shallow imprints. The letter B denotes a region where dislocation
generation preferably take place.
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the experimental observations (see Figures A.6 and A.7). The suggested model is
also supported by results found by Minor et al.,24 where dislocation loops nucleated
in a defect-free volume are not contained in a predefined plastic zone. Instead, they
propagate far into the bulk, producing a plastic zone differing from those proposed
by classical continuum mechanics models. Atomistic simulation studies of the initial
stages of nanoindentation show similar results. As the simulations demonstrate, dis-
location loops are nucleated in regions directly beneath the surface and propagate
towards the undeformed crystal as the load increases.31–34

The bilinear behavior of the hardness data (Figure A.9) as well as the misorienta-
tion maps (Figure A.3) indicate a change in the deformation mechanism. For large
indentations it seems that the pile-up model described in Figure A.10 is responsible
for the indentation size effect. Examining the suggested model (Figure A.10) reveals
similarities to the Hall-Petch effect. However, there are also some differences: in a
polycrystalline material the pile-ups that occur at a boundary have to trigger plastic-
ity in the neighboring grains, whereas the pile-ups in this case have to accommodate
the shape of the indenter. Contrary to polycrystalline materials, the deformation
zone below an indentation (region A in Figure A.10) is highly bounded on only one
side, namely to the indenter flank. The other sides are less bounded, due to either a
change in the shear stress field, which forms only a weak barrier (regions 1 and 3),
or the necessity of pushing previously generated dislocations into the bulk material
(region 4). Due to the similarities between both models, the hardness should follow
the Hall-Petch relation35,36

σy = σ0 + kHP
1√
D

(A.2)

where the grain size is substituted by D, the diameter of region A (see Figure
A.10). Both, kHP the Hall-Petch parameter and σ0 the intrinsic yield strength in
the absence of grain size effects are constants that depend on the nature and state of
the crystal. Using Tabors rule37 to convert the hardness into the corresponding flow
stress σy and assuming that the size of region A is proportional to the indentation
depth h, the Hall-Petch relation can be easily rewritten as

(H − 3σ0)2 = k1
1
h

(A.3)

where k1 is a constant. As can be seen, Eq. A.4 seems to be similar to the
Nix-Gao relation

H2 −H2
0 = k

1
h

(A.4)

where k is the slope of the hardness in the Nix-Gao plot and H0 is the macroscopic
hardness. It should be noted that the hardness can follow both relations only if σ0
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and H0 are 0. However, it is evident from Figure A.9 that H0 6= 0; nevertheless, we
have plotted the hardness data in terms of the Hall-Petch relation.

Figure A.12: Hall-Petch plot of the effect of contact depth hc on the flow stress of Cu.
The flow stress was calculated using Tabors rule, where σy = H/3. Since
the error bars are smaller than the datum points they are not inserted in the
graph.

The resulting σy vs. h
−1/2
c plot, including the corresponding linear fits of the

data, is presented in Figure A.12. As can be seen, the regimes identified in the
Nix-Gao plot show a linear trend in the Hall-Petch plot too. The linear behavior
of the flow stress in regime α supports the existence of a pile-up-based dislocation
model for the accommodation of large imprints. However, the linear trend of the flow
stress in regime β was not expected. It seems that the mechanism which describes
the indentation process of shallow imprints is also based on dislocation pile-ups.
Thus, both regimes are associated with mechanisms that are based on the pile-up of
dislocations. This is in good agreement with the models suggested in the course of
this work (see Figures A.10 and A.11). Examination of the linear fits shows that the
Hall-Petch parameter of regime α (kHP,α) is 0.13 MPa m-1/2, similar to the reported
value of 0.12 MPa m-1/2.38 The Hall-Petch parameter of regime β (kHP,β) however,
is 0.11 MPa m-1/2, which is lower than the parameter of regime α. The lower value
of kHP,β may be explained by a diminished number of barriers which pile-up the
emitted dislocations (see Figure A.11). In addition to the differing slopes, the σ0

values are also different for both regimes. For large indentations (regime α) σ0 = 276
MPa, while for shallow imprints (regime β) the intrinsic yield strength is 246 MPa.
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The differences might be induced by the strain sensitivity of σ0. As Armstrong et
al.39 demonstrated, σ0 increases with increasing strain.

The results presented show the importance of the dislocation arrangements and
how they change with varying length. However, additional experimental analysis
and modeling work will be necessary to understand the indentation process over all
depth ranges.

A.5 Summary and conclusions

Several cross-sections through nanoindentations in copper single crystals were pre-
pared using a FIB workstation. The EBSD technique was applied to examine the
fabricated cross-sections and to get information about the deformed volume beneath
the indentations. Studying the misorientation maps thus obtained revealed for large
indentations a highly confined rotation pattern consisting of three characteristic sec-
tions, while for shallow indentations only two, more spacious, patterns were found.
It is assumed that the apparent change in the structure of the deformation zone is
linked to a variation in the deformation mechanism. Indications for a mechanism
change were found not only in the results of the EBSD investigations; the analysis
of the measured hardness data using Nix-Gao plots yielded the same conclusions.
The Nix-Gao plot shows a bilinear relationship between the square of the hardness
and the reciprocal indentation depth, with hardness values for large imprints lying
on the steep part of the curve and those for shallow indentations lying on the gen-
tly inclining part. To explain the observed changes, two models based on possible
dislocation arrangements are presented. The model for large imprints and that for
the shallow indentations show very good agreement with the experimental findings.
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large and shallow nanoindentations – A
comparative study using EBSD and TEM
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Abstract

The paper addresses the comparison of the deformation-induced zone beneath
nanoindentations obtained by electron backscatter diffraction (EBSD) and trans-
mission electron microscopy (TEM). Since EBSD is associated with resolutional
restrictions, especially at very small scan sizes, it is not known how accurate the
deformed volume beneath the imprints can be characterized. For these purposes,
cross-sectional EBSD and TEM samples of nanoindentations were fabricated by
means of a focused ion beam (FIB) workstation, analyzed, and subsequently com-
pared among each other. For large indentations as well as for shallow ones, a very
good agreement of the determined zones was found. The results of the EBSD and
TEM experiments were also used to characterize the deformation-induced volume.
In the EBSD maps of the large indentations, strongly confined deformation patterns
were found while for the shallow indentations the observed patterns are ambiguous.
The TEM micrographs and additionally performed selected area electron diffraction
(SAED) support these facts and give insight into the dislocation structure of the
deformation zone.
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B The deformation-induced zone below large and shallow nanoindentations

B.1 Introduction

It is now well-known that hardness of metallic materials in the sub-micron regime
is a strong function of the indent size, i.e. with decreasing indentation depth the in-
dentation hardness increases.1–3 This phenomenon is referred to as the indentation
size effect (ISE). Nix and Gao have used the concept of geometrically necessary dis-
locations (GNDs) and the Taylor dislocation model in order to explain the observed
behavior.4 One assumption made in the Nix-Gao (N-G) model is, that GNDs are
confined within a hemispherical volume which scales with the contact radius. Recent
transmission electron microscopy (TEM) studies have shown that this assumption
is questionable. Rather, the plastically deformed zone expands in a non-self simi-
lar manner far beyond the suggested hemispherical volume.5,6 Similar results were
found in studies, which investigated the deformation zone below nanoindents in
copper by means of electron backscatter diffraction (EBSD).7,8

However, using EBSD technique is always accompanied by a limited spatial reso-
lution and the restriction that only relative crystal orientation changes larger than
0.5° can be measured.9 Due to these limitations it is unclear how accurate the defor-
mation zone beneath imprints can be determined by means of the EBSD technique.
In order to respond to this question the plastically deformed zones obtained by TEM
and EBSD technique are compared. Furthermore, the formed dislocation structure
below the imprints is investigated, with a special focus on how the dislocation ar-
rangement changes when the indentation load is increased. The acquired findings
were subsequently used, to discuss how deformation mechanisms in such limited
volumes may proceed.

B.2 Experimental procedure

Copper
〈
110
〉
{111} single crystals were prepared by wet grinding and mechanical

polishing. Subsequently, to remove any deformation layer produced during previous
polishing steps the surface plane was electropolished. To obtain a sharp edge, the
plane perpendicular to the {111} surface was carefully mechanically polished. A
Hysitron TriboScope fitted with a cube corner indenter was used to produce inden-
tations with loadings between 0.5 mN and 10 mN near the polished edge. The tip
radius of the used indenter was approximately 40 nm. Using a focused ion beam
workstation (LEO 1540 XB), cross-sections through the center of these imprints
were fabricated. To protect the imprints against ion damage a tungsten layer with
a thickness of about 500 nm was deposited. Prior to the deposition of the protec-
tion layer, the centers of the imprints were marked in order to obtain cross-sections
which proceed right through the middle of the indent. On the readily polished
cross-sections EBSD investigations were performed using a LEO 1525 field emission
scanning electron microscope (SEM) equipped with an EDAX EBSD system. Since
plastic deformation causes crystal orientation changes, the plastically deformed zone
surrounding an imprint can be visualized. The scans on the cross-sections were per-
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B.3 Results and discussion

formed with a step size of 20 nm providing ASCII files of 8000–100,000 orientation
data points. Absolute orientations can be measured with an accuracy of approxi-
mately 2–3°, while the error in determining relative orientation measurements is in
the order of 0.5°.

Using the FIB workstation, in a next step cross-sectional TEM samples were
prepared. Again, the nanoindenter was used to produce imprints with loads of 10
mN and 0.5 mN, respectively. The center of the imprint was marked and a protection
layer deposited. Subsequently, two trenches on each side of the imprint were cut,
resulting in a foil of about 2 µm thickness which contains the indentation. By means
of a micromanipulator the foil was lifted out and fixed to a TEM sample holder.
Using acceleration voltages of 30 kV and 5 kV, respectively, the foil was thinned
to electron transparency. The reduced voltage of 5 kV was used to minimize ion
damage in order to improve the quality of the TEM images. A Philips CM12 TEM
operating at 120 kV was used for the analysis.

B.3 Results and discussion

The misorientation maps of sectioned indents for five different loads are shown in
Figure B.1. Misorientations larger than 1° are colored in light gray in order to
visualize the dimension of the deformation-induced zone. The scheme in the lower
right corner shows, how the indentations were cut. As can be seen, on the left-
hand side the imprint is cut through the indent face, while on the right-hand side
the cross-section proceeds through the edge of the cube corner. Since it can not
be ensured that the cross-section runs exactly through the indentation edge, only
the region below the indentation face as well as the area beneath the indenter tip is
investigated. Examination of the misorientation maps show for the 10, 5 and 2.5 mN
a deformation-induced volume which consists of three characteristic sections, while
for imprints made at lower loads only two of these sections can be found (roman
numerals in Figure B.1). Noticeable is, that especially for the high load imprints
the deformation-induced patterns are highly confined and section I and section II
are separated by a sharp boundary. For the low load imprints, the deformed volume
looks quite different. Apart from the fact that the deformed volume consists of
only two characteristic sections, the deformation-induced patterns are no longer
strongly confined. Rather, as the indentation load is decreased, they are getting
more and more undefined. A further finding, which can be observed in all of the
misorientation maps, is the high lateral extension oft the deformation-induced zone.
Unlike as suggested by Nix and Gao, the deformed volume extends up to 2.5 times
the imprints diameter.

However, considering the limited spatial resolution of the EBSD technique, it is not
clear how accurate the deformation zone beneath the imprints is detected. In order
to address this issue, the deformation-induced zone found in EBSD misorientation
maps is compared to the deformation-induced structure detected in the TEM. For
this purpose, cross-sectional TEM samples of a 10 mN and a 0.5 mN indent are
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B The deformation-induced zone below large and shallow nanoindentations

Figure B.1: (a)–(e) EBSD misorientation maps of indentations in copper for loads of 10,
5, 2.5, 1 and 0.5 mN. Misorientations greater than 1° are colored in light gray
in order to visualize the dimensions of the plastically deformed zone. The
roman numerals in the misorientation maps denote characteristic regions. (f)
Scheme showing how the cube corner indentations were sectioned as well as
the positions of the imprints with respect to the crystal orientation.
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B.3 Results and discussion

investigated. The resulting micrographs of the indentations taken with a 1̄11̄ two
beam condition are shown in Figure B.2.

Examining the 10 mN imprint shows a characteristic dislocation pattern at the
left-hand side of the cube corner indenter (Figure B.2 (a)). An enlarged view of this
dislocation arrangement, which runs down towards the bulk crystal inclined about
10° to the sample surface, is presented in Figure B.2 (b). What can be seen is a
very sharp boundary piling up dislocations on the right hand side, while the area
on the left hand side is almost dislocation-free. The finding is consistent to the
observations made in the EBSD misorientation map where a boundary, separating
section I and section II, was as well detected. Another interesting area is the zone
below the indenter tip which is shown enlarged in Figure B.2 (c). Notable in this
region are dislocation-free zones surrounded by walls of high dislocation density.
This verifies the existence of sub-grain formation in the area beneath the indenter
tip. Looking to the right-hand side of the indent, a long drawn-out domain with
only minor dislocation density is found (Figure B.2 (a)). It seems that here as well
a kind of sub-grain formation occurred. However, only slight hints to the formation
of sub-grains can be found in the EBSD misorientation maps. For the 10 mN indent
in Figure B.1, a single domain of increased misorientation looking like a sub-grain,
appears on the left-hand side of the indenter tip.

Examining the TEM micrographs of the 0.5 mN imprint (Figure B.2 (d)) shows
a somewhat different picture. The sharp boundary of GNDs, found for the 10 mN
imprint is for the 0.5 mN indent reduced to only a few dislocations (white ellipse
in Figure B.2 (d)). Dislocation-free domains below the indenter tip, enclosed by
walls of high dislocation density, can not be observed. Instead single dislocation
loops surround the tip of the indentation. The small black dots, spread over the
whole TEM sample are artifacts caused by Ga+ ion damage during sample prepa-
ration. Reducing the acceleration voltage to 5 keV indeed diminishes the damage,
the preparation of artifact-free samples, however, was not possible. Comparing the
EBSD misorientation maps of the shallow imprint to the results found in the TEM
micrograph, show surprisingly good agreement. Contrary to what was expected by
the limited spatial resolution of the EBSD system, the characteristic features of the
deformation zone were reproduced very well. Noticeable in Figure B.1 (e) is, that
the boundary on the left hand side of the imprint is mapped not as a sharp line but
as an ambiguous area. As might be expected this is not an effect of the limited spa-
tial resolution of the EBSD system, but caused by the fact that section I and section
II are separated by only few dislocations which induces only slight misorientation
changes. The undefined shape of the deformation patterns can be attributed to the
only low orientation gradients, too (Figure B.1 (e)).

However, to accommodate the shape of an indent many GNDs are necessary.
Consequently, high misorientation gradients, especially for shallow imprints, would
be expected. The findings obtained from EBSD and TEM show somewhat different
results. Since only slight misorientation gradients were observed, the required GNDs
seem to propagate far into the bulk material. To check this assumption, selected
area electron diffraction (SAED) of interesting regions was accomplished using TEM.
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B The deformation-induced zone below large and shallow nanoindentations

Figure B.2: (a) Cross-sectional TEM micrograph of a 10 mN indentation in a copper {111}
single crystal taken with a 1̄11̄ two beam condition. The white rectangles
mark regions of interest which are presented enlarged in (b) and (c). (d)
Cross-sectional TEM micrograph of a 0.5 mN indentation in a copper {111}
single crystal taken with a 1̄11̄ two beam condition. The white ellipse mark
dislocations of special interest.
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B.3 Results and discussion

Figure B.3: (a) TEM micrograph of a 0.5 mN indentation taken with a 1̄11̄ two beam
condition. The white circles mark the positions of the selected area aperture.
(b)–(d) Selected area diffraction patterns which correspond to the regions
marked in (a). (e) Diffraction pattern of the undeformed crystal far away
from the indentation.
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B The deformation-induced zone below large and shallow nanoindentations

Figure B.3 presents the results of the examination in terms of a bright field image
as well as the corresponding diffraction images. The circles plotted in the bright
field image represent the positions where the selected area aperture was positioned.
Comparing the diffraction patterns around the imprint, to the pattern obtained
from a dislocation-free region show good agreement. Streaking of the diffraction
patterns can not be observed, neither for the region laterally of the indent nor for
the region below the indenter tip. This fact supports the occurrence of only slight
misorientation gradients.

SAED was also performed on the cross-sectional TEM sample of the 10 mN in-
dentation. The diameter of the used selected area aperture was chosen in such a
manner, that the ratio indentation depth–aperture radius was similar for both in-
dentations. The results which look quite different are shown in Figure B.4. Heavy
streaking of the diffraction pattern which indicates large orientation changes can be
observed, especially on the left-hand side of the indent. The diffraction image of the
area below the indenter tip shows pattern-streaking too, but in a somewhat reduced
way. Consequently large orientation changes seem to appear only on the left-hand
side of the indent and below the indent tip. Streaking on the right-hand side of the
indentation is still existent, but diminished.

Another very interesting feature can be observed when comparing the misorien-
tation maps of all performed indentations (see Figure B.1). Starting with the map
of the smallest indentation and continuing with the misorientation maps for higher
loads, a laterally outwards moving boundary separating pattern I and II is found.
It seems that the lateral migration is connected to an accumulation of GNDs at the
boundary which accommodates the proceeding shape change of the indentation. The
increasing load causes more and more dislocations to group in this area, building up
the observed “small angle grain boundary”-like dislocation arrangement. Support
for this assumption comes from the fact that the boundary which separates pat-
tern I and II is getting sharper with increasing indentation depth (Figure 1 (a) and
(b)). Further confirmation for the observed behavior is given by the examined TEM
samples. The “boundary” on the left-hand side of the 0.5 mN indentation which
consists of only few dislocations (white ellipse in Figure B.2 (d)) seems to migrate
laterally outwards and culminates in the observed sharp boundary for the 10 mN
imprint (Figure B.2 (a)). The found phenomenon of moving “grain boundary”-like
structures is similar to the deformation-induced migration of grain boundaries in
submicrometer-grained films, where mobile boundaries displaced under an in-situ
nanoindenter lead to strain-induced coarsening of the microstructure.11–13

B.4 Summary and conclusions

In order to characterize the deformation-induced zone below nanoindentations, cross-
sectional EBSD and TEM samples were examined. Since EBSD technique is associ-
ated with resolutional restrictions especially at very small scan sizes, the deformation-
induced zone determined by means of EBSD technique is compared to that obtained
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Figure B.4: (a) TEM micrograph of a 10 mN indentation taken with a 1̄11̄ two beam
condition. The white circles mark the positions of the selected area aperture.
(b)–(d) Selected area diffraction patterns which correspond to the regions
marked in (a). (e) Diffraction pattern of the undeformed crystal far away
from the indentation.
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by TEM. Even for shallow indentations good agreement between both methods was
found. Analyzing the findings, revealed for large indentations a deformed volume
consisting of highly confined deformation-induced patterns while for shallow imprints
the found patterns are ambiguous. Additionally performed SAED shows large mis-
orientation gradients beneath the deep imprint and only small gradients near the
shallow indentation. This fact was surprising, since for small indentations a very
high misorientation gradient was expected. As it seems, the GNDs move far into
the bulk, resulting in an only small misorientation gradient. A further interesting
finding, similar to deformation-induced grain boundary migration, is a characteristic
arrangement of GNDs moving laterally outwards as the load is increased.
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Abstract

Electron backscatter diffraction (EBSD) and transmission electron microscopy
(TEM) experiments seem to indicate, that small indentations are accommodated by
far-reaching dislocation loops inducing only slight misorientation gradients. These
low misorientation gradients are only hard to detect and consequently a confirmation
of this assumption is up to now not delivered. Using EBSD and TEM technique this
work makes an attempt to visualize the far-propagating dislocations by introducing
a twin boundary in the vicinity of small indentations. Since dislocations piled up at
the twin boundary produce a misorientation gradient, the otherwise far-propagating
dislocations can be detected.
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C Where are the geometrically necessary dislocations at small indentations?

C.1 Introduction

During indentation, the indenter causes a permanent plastic imprint on the originally
flat material surface. Consequently, the material originally occupying the region of
the plastic indent has to be pushed into the underneath substrate.1 The required
material transport is thereby typically performed by defects, e.g. dislocations, which
are geometrically necessary.2 It was found that the density of these so-called geo-
metrically necessary dislocations (GNDs) is proportional to the gradient of plastic
strain.3,4 The concept of GNDs was used by many authors in order to explain the
depth dependence of hardness.5–9 The most prominent approach using geometrically
necessary dislocations is those proposed by Nix and Gao.9 In their mechanism-based
model they assumed, that GNDs which accommodate the plastic strain caused by
the indenter, are contained in an approximately hemispherical volume below the
imprint. The density of GNDs distributed in the hemisphere is thereby found to be
proportional to the reciprocal indentation depth. Consequently, at small indentation
depths the GND-density as well as the occurring strain gradient becomes very large.
However, in reality such high strain gradients can not be observed in metals. As
electron backscatter diffraction (EBSD)10,11 and transmission electron microscopy
(TEM)12–14 experiments show, the plastically deformed zone consists of far-reaching
dislocation loops inducing an only slight strain gradient. Similar results were found
in in-situ TEM nanoindentation experiments, where the nucleated dislocations are
spread over a large volume in the bulk.15

Figure C.1: Dislocation model describing the indentation process of small indentations.
The grey area indicates a region where dislocation generation preferably takes
place.

An appropriate dislocation model which accounts for the experimental findings
and explains the ISE for small indentations, was proposed by Rester et al.10 (see
Figure C.1). In the suggested model, dislocations emitted preferentially at surface
defects (e.g. fractured oxide layers) form kinds of prismatic loops which move on slip
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C.2 Experimental

planes that are arranged very close to each other. As a consequence, the recently
generated dislocations have to push the previously created ones towards the bulk
material. For very shallow indentations the segment length of the generated dislo-
cations is only small and the stress necessary to push the dislocations away from the
indenter is pretty high. Increasing the indentation depth and consequently the seg-
ment length of the dislocations causes the observed decrease of the hardness. Such
an arrangement induces only slight orientation changes which is in good agreement
with the experimental observations.

However, up to now no clear experimental proof for the proposed model is de-
livered. Since the recently emitted dislocations push the previously ones towards
the bulk material, the suggested model can be interpreted as a kind of dislocation
avalanche mechanism. Consequently, introducing a barrier would pile-up the dis-
locations and result in increased misorientation and hardness values. This paper
makes an attempt to confirm these statements by investigating the plastically de-
formed zone of nanoindentations in the vicinity of a twin boundary, and by studying
the hardness values in the proximity of such a barrier.

C.2 Experimental

Several indentations with loads of 2.5 mN and 1 mN, respectively, were made in the
vicinity of a copper twin boundary using a Hysitron Triboscope fitted with a cube
corner indenter (see Figure C.2). Prior to indentation, the specimen was wet ground
and mechanically polished using alumina suspension with a grain size of 1 µm. To
remove any deformation layer produced during mechanical polishing, the sample
surfaces was also electropolished. A focused ion beam (FIB) workstation (LEO
1540 XB) was used to fabricate cross-sections through the center of the indentations.
The surface normal of the grain which contains the created indentations was [1̄45̄],
the crystallographic direction parallel to the investigated cross-sections was [1̄11]
(see Figure C.2). Consequently all of the fabricated cross-sections belong to the
{3̄2̄1̄} plane family. In order to protect the imprints against Ga+ ion damage, the
indentations were covered by a 500 nm thick tungsten layer. Before depositing the
protection layer, the center of the indentation was marked in order to get the cross-
section right through the middle of the indent.10 Using milling currents of 10 nA, 500
pA and 200 pA, respectively, the material in front of the indentations was removed.
On the readily polished cross-sections EBSD investigations were performed using a
field emission SEM (LEO 1525) equipped with an EDAX EBSD system. Information
on limitations of the EBSD technique and details concerning the used parameters
can be found in.10,16 In a similar way, cross-sections through nanoindentations in
copper {111} single crystals made at loads of 2.5 mN and 1 mN, respectively, were
fabricated, analyzed and compared to the results found for the indentations in the
proximity of the twin boundary.

To gain information about the formed dislocation structures, in addition TEM
investigations of the deformation zone were performed. For this purpose, cross-
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C Where are the geometrically necessary dislocations at small indentations?

Figure C.2: Schematic illustration showing indents placed in the vicinity of a twin bound-
ary. The plotted crystal directions indicate the orientation of “grain 2”.

sectional TEM samples through a 0.5 mN indent placed in the proximity of a twin
boundary, and an imprint made in a single crystal, were prepared. Using the FIB
workstation, the center of the imprint was marked and a protection layer deposited.
Subsequently, two trenches on each side of the imprint were cut which resulted in an
approximately 2 µm thick foil containing the indentation. A micromanipulator was
used to lift out the foil and to fix it to a TEM sample holder. In a next step, the
foil was thinned to electron transparency using acceleration voltages of 30 kV and
5 kV, respectively. All TEM investigations were performed by means of a Philips
CM12 TEM operating at 120 kV.

The Hysitron TriboScope was also used to measure the hardness with respect to
the distance from the twin boundary. For all indentations the azimuthally orien-
tation of the cube corner indenter was chosen in that way, to have one side of the
impression parallel to the twin boundary. To avoid overlapping of the plastically
deformed zones, the indents were performed with a sufficient offset (see Figure C.2).
The indentations were all made in load-controlled mode, applying a force of 200 µN.

C.3 Comparison – Single crystal and twin

The results of the EBSD study for both, the indentations in the proximity of the
twin boundary and those in the single crystal, are presented in terms of misorien-
tation maps in Figure C.3. Starting with the misorientation map of the 2.5 mN
indentation, performed in single crystalline copper (Figure C.3 (a)), a far-reaching
deformation-induced zone can be observed. On the left-hand side, where the imprint
is cut through the face of the indentation, the misoriented volume is fragmented and
extends laterally to a distance of approximately 1.5 times the indent diameter. Axi-
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C.3 Comparison – Single crystal and twin

ally the plastically deformed zone reaches deep into the bulk, far beyond the imprints
residual depth. The misoriented volume on the right-hand side of the indentation,
however, looks quite different. Only directly beneath the indentation flank a men-
tionable misorientation of the material can be found.

Figure C.3: Misorientation maps of cross-sections through imprints in copper for loads of
2.5 mN and 1 mN. The imprints in (a) and (c) were performed in {111} single
crystals, while the indentations in (b) and (d) were made in the vicinity of a
twin boundary.

But what happens to the deformation-induced zone if a barrier, as e.g. a twin
boundary, is introduced? The answer is delivered by Figure C.3 (b), where the
misorientation map of a 2.5 mN imprint in the vicinity of a twin boundary is pre-
sented. At the left hand-side of the imprint, where in the single crystalline case a
far-reaching deformation pattern appears, a strongly confined misorientation pattern
is observed. It can be seen, that the misoriented volume extends beyond the twin
boundary, building up a small area with only minor misorientation. Very interesting
is the triangular area left of the indent, between sample surface and twin boundary,
where no misorientation appears (indicated by the arrow in Figure C.3 (b)). This
fact is rather surprising, since the large lateral expansion of the plastically deformed
zone observed in the single crystalline case, may expect a high misorientation in this
triangular region. As it seems, the twin boundary prevents the formation of misori-
ented volume in this area. Examining the right-hand side of the imprint shows a
deformation-induced pattern with an almost homogeneous orientation distribution.
Only directly beneath the indent flank the misorientation is increased. This fact
is in contrast to the deformation-induced pattern found for the single crystal im-
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C Where are the geometrically necessary dislocations at small indentations?

print (Figure C.3 (a)), where on the right-hand side almost no misoriented volume
appears. It seems that the twin boundary piles up the emitted dislocations produc-
ing the observed misorientation pattern, while in the single crystal the dislocations
propagate far into the bulk and induce an only slight misorientation gradient.

The consequences associated with a reduction of the applied load, are presented
in Figure C.3 (c). For the single crystalline case, the deformation zone of the 1 mN
indent is similar to those of the 2.5 mN imprint (cp. Figure C.3 (a)). The main
differences are a much lower misorientation as well as less defined deformation-
induced patterns. Introducing a twin boundary yields to the misorientation map,
presented in Figure C.3 (d). Similar to the 2.5 mN imprint (cp. Figure C.3 (b))
here as well significant misorientations, created by piled up GNDs, appear.

The results of the additionally performed TEM investigations are presented in Fig-
ure C.4 (a) and (b). As can be seen, the misoriented volume of the imprint in single
crystalline copper (Figure C.4 (a)) consists of individual dislocation loops surround-
ing the imprint. Below the indent tip, a slightly higher dislocation density occurs,
but neither dislocation pile-ups nor dislocation cells are observed. A completely
different picture is found for the imprint in the vicinity of the twin boundary, shown
in Figure C.4 (b). Noticeable is a very dense dislocation network on the left-hand
side of the imprint tip. It seems that dislocations, which in the singly crystalline
case move into the bulk, are now piled up in front of the twin boundary. Besides the
dense dislocation network, on the other hand, dislocation-free zones appear. On the
right-hand side of the indent the dislocations are distributed more uniformly, build-
ing up a dislocation arrangement of only moderate density. It has to be noticed, that
dislocation decoration of the twin boundary appears not only in the region where
the dense dislocation arrangement adjoins. Those parts of the boundary, which are
far away from the dislocation networks, show a decoration of dislocations as well.
This observation supports the fact of far-propagating dislocations, provided that no
obstacles are present.

C.4 Hardness in the proximity of a twin boundary

Summing up the results of the EBSD and TEM experiments show, that the twin
boundary piles up dislocations which in the single crystalline case propagate far into
the bulk. It is well known, that piled up dislocations produce a large back stress and
thus impede the generation of further dislocations. As a consequence, the hardness
in the vicinity of a barrier, e.g. a twin boundary, should be increased. Figure C.5
shows a graph, were the hardness is plotted as a function of the distance to the twin
boundary. As can be seen, the hardness drops from approximately 1.4 GPa directly
beneath the twin boundary to a value of 1.25 GPa far away from the boundary. Also
included in the diagram are the hardness values of an {111} and an {100} oriented
single crystal, whereas the hardness of the {1̄45̄} oriented grain is found in-between.
These findings further support the existence of a pile-up based dislocation model
explaining the accommodation of small imprints.

52



C.4 Hardness in the proximity of a twin boundary

Figure C.4: Cross-sectional TEM micrographs of 0.5 mN indentations in copper, taken
with a 1̄11̄ two beam condition (a) and a 11̄1 two beam condition, respectively.
The indentation in (a) was performed in a {111} single crystals, while the
indentations in (b) was made in the vicinity of a twin boundary.
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C Where are the geometrically necessary dislocations at small indentations?

Figure C.5: Hardness as a function of the lateral (bottom) and the axial (top) distance to
the twin boundary. All indentations were performed in “grain 2” (see Figure
C.2) under load controlled mode applying a force of 200 µN. Also plotted is
the hardness of {100} and {111} single crystalline copper.

C.5 Summary and conclusions

In summary, the experimental findings corroborates that small indentations are gov-
erned by dislocation generation and the back-stress of dislocations pushed into the
bulk. Facts which support the suggested model are:

- The proposed dislocation arrangement for very small indentations induces only
slight misorientation gradients, which is in accordance to the experimental
observations (see Figure C.3 (a) and (c))

- Introducing a barrier leads to a pile-up of dislocations (see Figure C.4 (b)) and
consequently to increased misorientation (see Figure C.3 (b) and (d)).

- Formed pile-ups induce a back-stress which impedes further dislocation gen-
eration. The result is an increase of hardness in the proximity of the barrier
(see Figure C.5).

- Discrete dislocation simulations show that small indentations are accommo-
dated by far-reaching dislocation loops, which induce an only slight misorien-
tation gradient.17–19
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C.5 Summary and conclusions

Of course the suggest dislocation model is a simplified one and it does not take
into account the slip geometry and the complex three-dimensional dislocation ar-
rangement; but nevertheless it describes many of the experimental findings in a very
good manner.
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Abstract

The deformation zone below nanoindents in copper single crystals with an
〈
110
〉

{111} orientation is investigated. Using a focused ion beam (FIB) system, cross-
sections through the center of the indents were fabricated and subsequently analyzed
by means of electron backscatter diffraction (EBSD) technique. Additionally, cross-
sectional TEM foils were prepared and examined. Due to changes in the crystal
orientation around and beneath the indentations, the plastically deformed zone can
be visualized and related to the measured hardness values. Furthermore, the hard-
ness data were analyzed using the Nix-Gao model where a linear relationship was
found for H2 vs. 1/hc, but with different slopes for large and shallow indentations.
The measured orientation maps indicate that this behavior is presumably caused
by a change in the deformation mechanism. On the basis of possible dislocation ar-
rangements, two models are suggested and compared to the experimental findings.
The model presented for large imprints is based on dislocation pile-up’s similar to
the Hall-Petch effect, while the model for shallow indentations uses far-reaching
dislocation loops to accommodate the shape change of the imprint.
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D Microstructural investigation of the deformation zone below nano-indents

D.1 Introduction

It is well known for many years that the hardness of metals and alloys in the mi-
cron and sub-micron regime is not a constant number. In fact the hardness depends
on the size of the indent i.e., with decreasing indentation depth the hardness in-
creases.1–3 This is called the indentation size effect (ISE). Using the concept of
geometrically necessary dislocations (GNDs) and the Taylor rule for the flow stress,
Nix and Gao (N-G) proposed a model to explain the ISE.4 According to this model,
a linear correlation between H2, the square of the hardness, and 1/hc, the reciprocal
indentation depth exists, which is in good agreement with micro-indentation hard-
ness data. In the literature, however, it is reported that nanoindentation hardness
data do not follow this linear trend over the whole measurement range.5–7 Instead,
at small indentation depths they start to deviate from the predicted linear curve.
In order to verify if this behavior is linked to a change in the deformation structure
the plastically deformed volume below different sized nanoindentations is visualized
using electron backscatter diffraction (EBSD) and transmission electron microscopy
(TEM). The results were subsequently used to suggest possible dislocation arrange-
ments in order to explain the indentation process of large and shallow imprints.

D.2 Experimental

Copper single crystals with an
〈
110
〉
{111} orientation were prepared by wet grind-

ing and mechanical polishing. Electropolishing was subsequently performed on the
{111} surface in order to remove any deformation layer produced during previous
polishing steps. Using a Hysitron TriboScope fitted with a cube corner indenter the
hardness and the indentation modulus of the material at loads between 40 µN and
10 mN were determined. A calibrated area function was obtained using a procedure
outlined by Oliver and Pharr.8 For all indentations the load function described in9

was used. The presented results are an average of three to five indentations of each
selected indenter load.

Cross-sections through the imprints were produced using a LEO 1540 XB focused
ion beam (FIB) workstation. For this purpose, several indentations with loads be-
tween 0.5 mN to 10 mN were produced in the vicinity of a carefully mechanically
polished edge. To protect the imprints against Ga+ ion damage a 500 nm thick
tungsten layer was deposited over the indents. Prior to depositing, the center of the
indents were marked in order to get the cross-sections right through the middle of
the indents. Using milling currents of 10 nA, 500 pA and 200 pA, respectively, the
material in front of the indents was removed. On the readily polished cross-sections
EBSD investigations were performed using a LEO 1525 field emission scanning elec-
tron microscope (SEM) equipped with an EDAX EBSD system. Since plastic defor-
mation is usually associated with crystal orientation changes, traces of the plastic
deformation can be visualized.

TEM samples were also prepared using the FIB workstation. Indents with loads
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D.3 Results and discussion

between 500 µN and 10 mN were made and protection layers were deposited. By
cutting two trenches on each side of the indents, a foil with a thickness of approx-
imately 2 µm was fabricated. After lifting out, the foil was thinned to electron
transparency using acceleration voltages of 30 kV and 5 kV, respectively. All TEM
examinations were performed using a Philips CM12 TEM operating at 120 kV.

D.3 Results and discussion

The results of the hardness measurement obtained for the {111} surface of copper
are presented in Figure D.1. As can be seen, the hardness data show a pronounced
ISE. Starting at a value of 2.75 GPa the hardness decreases to 1.1 GPa at a depth
of 1.8 µm. The reduced indentation modulus is over the whole measuring range on
a rather constant level of approximately 125 GPa.

Figure D.1: Hardness and reduced indentation modulus as a function of the contact depth.
The hardness values of the largest and the smallest microstructurally investi-
gated imprints are marked by arrows.

In order to verify if the Nix-Gao model fits the hardness data, the square of the
hardness is plotted against the reciprocal indentation depth. The resulting plot is
displayed in Figure D.2, with an inset showing the hardness data for depths greater
100 nm enlarged. What can be observed is a hardness curve which consists of two
linear regimes. Regime α thereby extends from the largest indentation depth to a
depth of about 1 µm, whereas regime β describes the hardness for imprints smaller
than 1 µm. This is somewhat different to the results found in literature, where the
hardness data at small indentation depths starts to deviate in a non-linear way.5–7

To find an explanation for the observed bi-linear behavior, the microstructure of
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D Microstructural investigation of the deformation zone below nano-indents

Figure D.2: Application of the Nix-Gao model to the measured hardness values. The
inset shows the hardness data for depths greater than 100 nm enlarged. The
arrows mark the largest and the smallest of the microstructurally examined
indentations.

Figure D.3: Misorientation maps (a)–(b) and TEM micrographs (c)–(d) for a 10 mN and
a 0.5 mN indent in copper {111} single crystals. The TEM micrographs were
taken with a 1̄11̄ two beam condition.
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D.3 Results and discussion

the deformation-induced zone below nanoindentations was investigated by means
of EBSD and TEM technique. The results of the EBSD and TEM studies for a
10 mN and a 0.5 mN indent are shown in Figure D.3 (a)–(d). Starting with the
misorientation map of the large indent (a), on the left hand side two deformation-
induced rotation patterns (I and II), which are separated by a boundary, can be
found. Another interesting part is the region below the indenter tip, where a kind
of sub-grain formation occurs. Both characteristic features can be found as well in
the TEM micrograph as illustrated in Figure D.3 (c). However, the deformation-
induced zone of the small imprint looks somewhat different. A pronounced boundary
as found for the 10 mN indent can not be observed. Rather, pattern I and II are
separated by a only less defined boundary (Figure D.3 (b)). This fact is confirmed by
the TEM micrograph where instead of a sharp boundary, single dislocations appear
(the region is marked by the white ellipse in Figure D.3 (d)). Both the bi-linear
behavior of the hardness data (Figure D.2) as well as the results obtained from the
EBSD and TEM studies indicate a change in the deformation mechanism.

Figure D.4: Dislocation models describing the indentation process of large (a) and shallow
(b) imprints.9

In order to explain the observed behavior, possible arrangements of GNDs reflect-
ing the characteristic features are presented in Figure D.4. For large indentations a
pile-up model similar to those used to describe the Hall-Petch relation is suggested.
Since large indentations are always accompanied by the occurrence of a huge and
far-reaching shear stress field, dislocation sources located near the indenter flank
(region A in Figure D.4 (a)) can be activated and are able to emit dislocation loops.
To simplify matters, only two types of slip planes, one perpendicular to the indenter
flank and the other parallel to it, are assumed to generate dislocations. Dislocation
loops emitted on slip planes perpendicular to the indenter flank start to move to-
wards the indenter and pile up in front of the indenter, producing the required large
orientation changes (region 2). This results in a pile-up inducing a significant back
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D Microstructural investigation of the deformation zone below nano-indents

stress to the sources and impedes further dislocation generation. Dislocations with
an opposite sign move into the opposite direction towards the bulk material (region
4) and arrange there in a very widespread manner. Consequently, the induced orien-
tation gradient is only small. Dislocation loops generated on the slip planes parallel
to the indenter flank move into the region below the indenter tip. However, due to
a change in the shear stress field they are not able to overcome the center region.
Instead they form a pile up at the “symmetry” line (region 3). The other parts of
the loops move towards the free surface where few of them exit the material. But
the majority of the dislocations arrange themselves in the region where the shear
stress goes to zero, forming the observed boundary (region 1).

But why does the described mechanism become less important when the inden-
tation depth is decreased? Lowering the indentation depth is directly linked to a
diminishment of region A and consequently to a decrease of the number of disloca-
tion sources which can be activated. This results in an increase of the back stress
originating from the dislocations piled up in region 2 and 3. As a result, the gener-
ation of further dislocations is impeded. Due to the hindered dislocation emission,
other mechanisms like dislocation generation laterally of the indent become more
important. The emitted dislocations form kinds of prismatic loops, which move on
slip planes arranged very close to each other. As a consequence, the recent gener-
ated dislocations have to push the previously created ones towards the bulk material.
However, for extremely shallow indents the segment length of the dislocations gen-
erated in region B becomes very small and therefore the stress required to push the
dislocations away from the indenter flank is very high. Increasing the indentation
depth and thus the segment length of the dislocations causes the observed decrease
of hardness.

To verify if the suggested models are realistic, the required shear stress to obtain
such a dislocation arrangement is estimated. To convert the received stress into
hardness, Tabors rule was used.10 For large indentations the pile-up model described
in Figure D.4 (a) seems to be responsible for the ISE. Since there are similarities to
the Hall-Petch (H-P) effect, the H-P relation

τα = τHP = τ0 +
k
′
HP√
hc

(D.1)

is used to calculate the shear stress for regime α.11,12 The grain size thereby is
substituted by the indentation depth hc which is in turn proportional to the size
of region A, and τ0 and k

′
HP are constants. However, since the kink in the N-G

plot (Figure D.2) refers to a change in the deformation mechanism this type of
stress calculation is only valid for regime α. For regime β, the stress is estimated
in a different way. As can be seen in the dislocation model presented for shallow
nanoindentations (Figure D.4 (b)), single dislocation events become more and more
important. As a consequence, the size of dislocation sources as well as the back
stress originating from previous emitted dislocations has to be considered for stress
calculation as well.13–15 Thus, the following relation can be found
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τβ = τsource + τback =
Gb

2πs
ln
(αs
b

)
+

Gb

2π2D
ln

(√
2hc
b

)
(D.2)

Here G is the polycrystalline shear modulus, b is the Burgers vector of copper, s
the source size which was assumed to be 2hc and α a numerical constant in the order
of unity. D, the diameter of the area where dislocations were emitted is assumed to
be 150 nm. Converting the calculated stress into hardness values and plotting them
in the N-G plot shows good agreement (Figure D.5).

Figure D.5: Comparison of the measured hardness data to the calculated hardness for
depths up to 100 nm using a Nix-Gao plot. The arrows mark the largest and
the smallest of the examined indentations.

Special attention was paid to the fact that the used values for s, the source
size and D, the diameter of the region where dislocation emission takes place are
plausible. Even though the performed calculations are only rough estimations, they
nevertheless demonstrate that the supposed dislocation models are able to describe
the observed bi-linear behavior of the hardness data.

D.4 Conclusions

Studying the N-G plot of the hardness data measured on {111} copper single crystals
reveals two linear regimes, one for indents with depths greater 1 µm and one for
indents smaller than 1 µm. It is assumed that this bi-linearity is linked to a change
in the deformation mechanism. EBSD and TEM studies, performed for a large
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D Microstructural investigation of the deformation zone below nano-indents

and a shallow indent support this assumption. On the basis of the experimental
findings two models of possible dislocation arrangements are presented and used to
explain the ISE. Subsequently, the shear stress field of the dislocation arrangements
was estimated and by means of Tabors rule compared to the measured hardness
data. The hardness values of the simple estimation show good agreement with the
experimental findings.
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Abstract

To investigate the influence of the stacking fault energy (SFE) on the indentation
size effect (ISE), nanoindentation was performed on silver, copper and nickel with
small, intermediate and high SFE. Additionally, to analyze the impact of the SFE
on the developed misorientation of the crystal, electron backscatter diffraction was
performed on cross-sections fabricated through imprints of the different metals. In
both experiments no evidence was found that the SFE influences the ISE or the
deformation patterns below the indents.
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E Stacking fault energy and indentation size effect: Do they interact?

The stacking fault energy (SFE) plays an important role in the deformation of
face-centered cubic (fcc) metals,1–3 because it affects dislocation nucleation, the
movement of dislocations and the type of dislocation patterns formed.4 A low SFE
causes a large separation of partial dislocations, whereas in metals with a high SFE
the separation is only small.5 Since pinching of partial dislocations and subsequent
cross-slip is an important mechanism during the deformation of fcc metals, the re-
sistance against plastic deformation is linked to the value of the SFE. High SFE
facilitates pinching of the dislocation partials and consequently dislocation cross-
slip. This results in increased dynamic recovery and a decrease in the hardening
rate. In metals with low SFE, on the other hand, the rate and intensity of cross-slip
is impeded, which increases the plastic hardening.6 Furthermore, the dislocation
nucleation process in fcc metals is influenced by the SFE as well. Besides emitting
perfect dislocation loops, e.g. by means of Frank-Read sources, a very common type
of dislocation nucleation is those via Shockley partials.7,8 Instead of emitting a per-
fect dislocation, a leading partial dislocation is nucleated and starts to propagate,
leaving behind a stacking fault. Soon afterwards a trailing partial follows and ar-
ranges in a position equal to the equilibrium splitting distance.9,10 Since dislocation
nucleation, dislocation movement as well as the resulting dislocation patterns are in-
fluenced by the value of the SFE, metals with differing SFEs may exhibit differently
pronounced indentation size effects (ISEs).

Table E.1: Stacking fault energy γSF , elastic anisotropy A and reduced indentation mod-
ulus Ered of different fcc metals at 300 K. γSF was taken from11 while the
elastic anisotropy was calculated using elastic constants from.12 Ered for the
{111} surface was calculated by a method proposed by Vlassak and Nix13 using
elastic constants from.12

Metal Ag Cu Ni
γSF [mJ/m2] 16 40 125
A [-] 2.9 3.2 2.4
Ered [GPa] 90 135 203

In order to investigate how the ISE is influenced by varying SFEs, three metals,
silver as a metal with low SFE, nickel as a metal with high SFE and copper with
an intermediate SFE, were chosen (see Table E.1). The single crystals, all with an
{111} surface orientation, were wet ground and mechanically polished using alu-
mina suspension with a grain size of 1 µm. Electropolishing was then performed
in order to remove any deformation layer produced during the previous polishing
steps. Details of the electropolishing techniques used are summarized in Table E.2.
Nanoindentations were carried out on the polished {111} surface planes at loads
between 40 µN and 10 mN. The device used was a Hysitron TriboScope fitted with
a cube corner indenter which exhibited a tip radius of approximately 40 nm. To
obtain sufficient lattice rotations for the electron backscatter diffraction (EBSD)
measurements, especially for very shallow indentations, a cube corner indenter was
favored over a Berkovich indenter. The increased indenter-specimen friction associ-
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ated with the application of a cube corner indenter was accepted for these purposes.
However, in order to detect possible errors connected to the hardness measurement
using a cube corner indenter, the trends of the acquired indentation moduli were
used as a kind of indicator. The load function used for all indentations consisted of
a 5 s loading part, a 20 s holding segment at maximum load in order to minimize
creep effects and a 17 s unloading part, which included a 10 s holding period at 10%
of the peak load. For every selected indenter load three to five separate indentations
were made. The presented results are an average of these indentations. The error
bars inserted in Figures E.1-E.3 represent the standard deviation of each set of these
measurements. The temperature during all experiments was 25 ± 2 �. In order to
obtain accurate indentation results a calibrated area function for the cube corner
indenter as well as a correct value of the machine compliance is required. For these
purposes the procedure outlined by Oliver and Pharr was applied.15

Table E.2: Parameters used in the electropolishing of silver, copper and nickel samples. For
electropolishing of silver, an external power supply unit attached via platinum
electrodes was used, while copper and nickel were polished by means of a Struers
Polectrol. The material removal for all samples was of the order of 30 µm.

Metal Ag Cu Ni
Electrolyte 14 D2 A2
Voltage [V] 9 45 40
Flow-rate – 3.5 2.5
Duration [s] 90 5 4

The results of the hardness measurement as well as the corresponding modulus
values are presented in Figure E.1. As can be observed, all investigated materials
show a pronounced ISE. For silver, the metal with the lowest SFE, the hardness
curve starts at 1.75 GPa and decreases to a value of 0.7 GPa as the load increases.
The hardness curve for copper, however, decreases from a value of 2.75 GPa at a
depth of 35 nm to approximately 1.1 GPa for the largest imprint. For nickel, the
hardest of the investigated metals, the ISE curve starts at 4 GPa and approaches a
hardness plateau of approximately 1.6 GPa. The reduced indentation moduli of all
three metals are found to be rather constant over the whole measuring range with
95 GPa for silver, 125 GPa for copper and 190 GPa for nickel. Only the indentation
modulus for nickel decreases slightly for depths greater than 1 µm. The observed
modulus scatter especially at very small indentation depths can be attributed to
thermal drift effects.16

In order to illustrate the influence of the SFE on the ISE it is necessary to normal-
ize the hardness curves by an appropriate parameter. For this purpose, all factors
influencing the hardness of a metal have to be determined. Using Tabors rule,17

where the hardness H of a metal is about three times the flow stress σy, the follow-
ing dependency can be found:18,19

H = f(σy) = f(b, ρ, T, ε̇, µ, γSF ) (E.1)
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E Stacking fault energy and indentation size effect: Do they interact?

Figure E.1: Hardness and reduced indentation modulus for silver, copper and nickel {111}
single crystals as a function of contact depth. The experiments were conducted
using a Hysitron TriboScope fitted with a cube corner indenter. Error bars
are inserted only for those datum points where the error bar is larger than the
size of the symbol.

where b is the Burgers vector, ρ the initial dislocation density, T the temperature, ε̇
the strain rate, µ the shear modulus and γSF the SFE. Considering that the samples
used were all single crystals with not very different Burgers vectors and an initial
dislocation density of the same order of magnitude, the dependency of Eq. E.1
reduces to T , ε̇, µ and γSF . In addition, all indentation tests were carried out under
the same experimental conditions such as a steady temperature T and a constant
strain rate ε̇. Thus, Eq. E.1 can be rewritten as:

H = f(µ, γSF ) (E.2)

Analyzing Eq. E.2 shows that all constant factors influencing the hardness were
eliminated. Thus, the number of factors affecting the hardness reduces to the shear
modulus and the SFE. Since the impact of the SFE on the ISE is to be investi-
gated, the shear modulus seems to be an appropriate parameter to normalize the
hardness curves. However, in indentation experiments, the conventional Youngs or
shear modulus is typically replaced by the so-called reduced indentation modulus
Ered. This is due to the fact that the indented materials, which are often single
crystalline or textured materials, show strong elastic anisotropy. Values for the
elastic anisotropy A of Ag, Cu and Ni can be found in Table E.1. In order to con-
sider the elastic anisotropy, the reduced indentation modulus is used to normalize
the hardness curves instead of applying the conventional Youngs or shear modulus.
A graph showing the normalized hardness curves is presented in Figure E.2. The
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applied reduced indentation moduli, calculated by a method proposed by Vlassak
and Nix,13 are listed in Table E.1. Examining Figure E.1 shows that the curves
for silver, copper as well as nickel are in very good agreement and no significant
differences can be observed. However, since the nucleation and movement of dislo-
cations is controlled by the SFE, great differences between the hardness curves may
be expected especially at small indentation depths. To facilitate a more accurate
investigation of the curves, particularly at small depths, the normalized hardness
was plotted against the reciprocal indentation depth. The results are presented in
Figure E.3 and show that the normalized hardness curves for copper and nickel are
on top of each other. Only the curve for silver, the metal with the lowest SFE, is
slightly higher than those for copper and nickel. Due to these facts it seems that
the SFE has no influence on the ISE of fcc metals.

Figure E.2: Normalized hardness for silver, copper and nickel {111} single crystals as a
function of contact depth. The hardness values were normalized by the reduced
indentation moduli Ered calculated after a method proposed by Vlassak and
Nix.13 The used reduced indentation moduli are listed in Table E.1. Error
bars are inserted only for those datum points where the error bar is larger
than the size of the symbol.

Since dislocation patterns formed during deformation are dependent on the SFE,
metals with differing SFEs might show different dislocation arrangements. There-
fore, the misorientation and the shape of the regions beneath imprints were exam-
ined. For this purpose, cross-sections through the center of imprints made at loads
of 1, 2.5, 5 and 10 mN were fabricated and subsequently examined using EBSD.16,20

Due to changes of the crystal orientation caused by plastic deformation, the geo-
metrically necessary dislocations (GNDs) causing these changes can be visualized.
All examined cross-sections were fabricated using a LEO 1540 XB focused ion beam
workstation. The EBSD experiments were performed using a LEO 1525 field emis-
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Figure E.3: Normalized hardness curves for silver, copper and nickel {111} single crystals
as a function of the reciprocal contact depth. The hardness values were nor-
malized using the reduced indentation moduli Ered calculated after a method
proposed by Vlassak and Nix.13 The used reduced indentation moduli are
listed in Table E.1. Error bars are inserted only for those datum points where
the error bar is larger than the size of the symbol.

Figure E.4: Schematic diagram showing how the indents were cut as well as the positions
of the imprints with respect to the crystal orientation.
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sion scanning electron microscope equipped with an EDAX EBSD system. A sketch
showing how the indents were cut as well as the positions of the imprints with re-
spect to the crystal orientation is presented in Figure E.4. In the following only the
plastically deformed area on the left-hand side of the imprint is considered. The
plastically deformed volume on the right-hand side of the indent is neglected, since
a correct fabrication of cross-sections running exactly through the edge of the cube
corner could not be ensured.

Figure E.5: Misorientation maps of cross-sections through imprints in silver, copper and
nickel. For each material, loads of 10, 5, 2.5 and 1 mN, respectively, were used.
Maps of imprints with approximately equal indentation depth are encircled by
the same color (green: hc = 1.2-1.5 µm, red: hc = 0.8-1.0 µm, purple: hc =
0.5-0.6 µm).

Figure E.5 presents the results of the EBSD study in terms of misorientation maps.
Since all imprints were performed in load-controlled mode, indents in silver, copper
and nickel exhibit different indentation depths. Therefore, only misorientation maps
of imprints with similar indentation depth are compared. To make an interpretation
of the results easier, maps representing indentations of similar depth are marked
by the same color. Examining the misorientation maps of imprints with a depth
between 1.2 and 1.5 µm (encircled green in Figure E.5), shows, for silver and nickel,
deformation-induced patterns which are laterally strongly confined. For copper,
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however, the misoriented volume extends laterally to a distance of approximately
two thirds of the imprint diameter. The axial extension of the misoriented zone for
nickel shows a zone reaching deep into the bulk. In copper and silver, however, the
zone has a somewhat smaller extension in this direction. Indentations with depths
between 0.8 and 1 µm, those encircled red in Figure E.5, show a similar picture. As
found for the deep imprints, the misoriented zone beneath the indents in nickel and
silver is highly confined with an only small lateral extent. The deformation-induced
pattern for copper, however, extends laterally to a distance equal to one-half of
the imprint diameter. For imprints with depths between 0.5 and 0.6 µm (encircled
purple in Figure E.5) the misoriented zone is only hard to detect. Due to the only
minor crystal orientation changes caused by the small indentation depths, a useful
interpretation of the misorientation maps is difficult.

However, significant differences between the misoriented zones of silver, copper
and nickel, which can be attributed to the influence of the SFE, could not be ob-
served. The deformation-induced patterns look very similar and show only slight
differences between one other. In summary, it can be stated out that neither the
investigations of the hardness curves, which is in agreement with that of Elmustafa
and Stone,21 nor the examinations of the cross-sections provide evidence that the
SFE influences the ISE. A further interesting finding was that the reduced indenta-
tion modulus Ered normalizes the observed H vs. h curves rather well. However, to
obtain more accurate information to explain the ISE, especially at very small inden-
tation depths, transmission electron microscopy investigations of the deformation
zone beneath imprints are absolutely essential.
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Abstract

The indentation-induced plastic zones below indentations in copper {111} single
crystals, with depths ranging from 250 nm to 250 µm, were examined using electron
backscatter diffraction technique. Analyzing the obtained orientation “micrographs”
and the corresponding hardness plot, exhibits three clearly distinguishable regimes.
Comparing the microstructure reflected in the identified regimes to the structure
which evolves during the deformation of pure face-centered cubic single crystals,
shows very good agreement.
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F Indentation across size scales – A survey of plastically deformed zones

Over a century yet, indentation technique has been used to measure the hard-
ness of different materials.1 Depending on the applied forces and consequently the
obtained displacements, hardness measurement can be divided into macro-, micro-
and nanoindentation. Macroindentation provides a quick and simple method to
obtain the overall bulk hardness of a material and is thus often used in quality
control. However, if it is required to identify e.g. the mechanical properties of in-
dividual phases or of thin films, macrohardness measurement is generally not the
right method. Micro- and nanoindentation techniques, which apply only small loads
are more appropriate for these tasks. In microindentation, typically pyramid-shaped
Knoop or Vickers indenters are used for indentation testing. Dividing the applied
load by the surface of the residual impression measured in a microscope, yields the
hardness of the material. The typical length scale of the penetration depth is for
microindentation in the order of microns. In nanoindentation tests, however, the
applied loads and consequently the depth of indentations are further reduced.2–4

As a result, a direct measurement of the residual impression is no longer possible.
This problem can be solved using instrumented indentation testing (IIT), where the
area of contact is determined by measuring the depth of penetration of the indenter
into the specimen surface.5 Due to this development, nanoindentation has become
a major tool to investigate the mechanical properties of small scale volumes.

Comparing results of indentation tests at scales from a few hundreds of microns
to a few nanometers shows, that the hardness increases with decreasing indentation
depth. In particular, at the submicron scale the depth dependency of the hardness
is highly pronounced. This phenomenon is indicated as indentation size effect (ISE)
and is well known from numerous indentation studies.6–11 In order to explain the
observed ISE, great attempts are made to get insight into the indentation-induced
deformation behavior. Particularly the implementation of focused ion beam (FIB)
and electron backscatter diffraction (EBSD) techniques have facilitated a more ac-
curate examination of the deformation zone beneath the imprint. Kiener et al.,12

e.g., used conventional EBSD technology to investigate the deformed volume be-
neath Vickers indentations of depths between 2.4 µm and 700 nm. Zaafarani et
al.,13 on the other hand, applied 3D-EBSD technology to examine the texture and
microstructure below a 900 nm deep spherical indentation. A similar study, but on
a much larger imprint was performed by Kysar et al.,14 who analyzed the crystal
lattice rotations of an approximately 400 µm deep wedge indentation using a con-
ventional EBSD device. Summing up the results of the already performed EBSD
studies shows, that a wide range of indentation depths is covered. However, one
matter which complicates a direct comparison of the results is the fact, that various
indenter geometries, as well as different oriented single crystals were used in these
experiments. In order to eliminate these restrictions and to ensure comparability,
a survey across size scales of indentation-induced plastic zones below imprints of
identical geometry, performed on equally oriented single crystals, would be of great
interest.

In the present paper we report a study, where the microstructure beneath cube
corner imprints from nanoindentations up to macroindentations is investigated. The
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covered penetration depth thereby reaches from 250 nm to 250 µm which correspond
loads from 500 µN to 100 N. All indentations were performed on copper single crys-
tals with an

〈
110
〉
{111} orientation. The single crystals were all wet ground and

mechanically polished, using alumina suspension with a grain size of 1 µm. Addition-
ally the {111} surface planes were electropolished to remove any deformation layer
caused by mechanical polishing. In order to obtain a sharp edge, the plane perpen-
dicular to the {111} surface was subsequently carefully mechanically polished. Using
three different indentation devices, several cube corner indentations were produced
in the vicinity of the polished edge. The smallest indentations, those with loads of
0.5 mN, 1 mN and 10 mN were performed by means of a nanoindenter (Hysitron Tri-
boScope), while for the 300 mN imprint an in-situ microindenter (ASMEC UNAT)
was used. The largest indentations, with loads of 10 N and 100 N, respectively, were
fabricated using a Kammrath & Weiss compression module. Cross-sections through
the centre of all imprints were produced using a FIB workstation (LEO 1540 XB).
Detailed information concerning the fabrication process and the used milling param-
eters can be found in.15 Using a field emission SEM (LEO 1525) equipped with an
EDAX electron backscatter diffraction system, EBSD investigations on the readily
polished cross-sections were performed. Since plastic deformation causes changes
of the crystal orientation, EBSD technique facilitates the visualization of traces of
plastic deformation. The orientation changes were calculated using EBSD analysis
software and visualized by means of color-coded misorientation maps.

Additionally to the indentations produced for cross-sectioning, several indenta-
tions were made from 40 µN to 100 N in order to determine the hardness of the
material. Nanoindentations at loads between 40 µN and 10 mN were performed
using a Hysitron Triboscope equipped with a cube corner indenter exhibiting a tip
radius of about 40 nm. For every selected load three to five separate indentations
were accomplished using a load-time sequence described in.15 The plotted error bars
in Figure F.1 and Figure F.3 represent the standard deviation of each set of mea-
surements. The area function of the cube corner indenter was determined using the
procedure outlined by Oliver and Pharr.16 Indentations between 50 mN and 300 mN
were accomplished by means of an ASMEC UNAT microindenter. The microinden-
ter was fitted with a cube corner indenter and was operated in load controlled mode.
Each load-time sequence consisted of 100 s loading to maximum load, 10 s holding
at peak load, and 46 s unloading including a holding period of 20 s at 10% of the
peak load. The material hardness was calculated dividing the applied force by the
area of the residual impression determined by means of a LEO 1525 field emission
SEM. Errors arising from sizing the imprint area in the SEM, are considered by
the plotted error bars. Macroindentations were made in load-controlled mode with
a Kammrath & Weiss compression module equipped with a cube corner indenter.
Using a loading rate of 2.5 N/s and a holding period at peak load of 20 s, loads
of 10 N, 50 N and 100 N respectively, were applied. Subsequently, the area of the
residual imprints was measured and the hardness calculated. The plotted error bars
consider errors which arise from determining the imprint area by means of a light
microscope.
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The results of the hardness measurement are presented in Figure F.1 (a), where a
significant ISE can be observed. Starting with a value of 2.75 GPa at an indentation
depth of 35 nm the hardness decreases to a value of approximately 0.6 GPa at a
depth of about 250 µm. The arrows plotted in the diagram mark the hardness values
of the examined indentations.

The corresponding EBSD misorientation maps performed on the fabricated cross-
sections through the imprints are displayed in Figure F.2. The inset in Figure F.2 (f)
shows the position of the imprints with respect to the crystallographic orientation
of the single crystal. Since the surface normal of the copper crystal is of type [111]
and the crystallographic direction parallel to the investigated surface is of type [11̄0],
the direction normal to the cross-sections is 〈112̄〉. The azimuthally orientation of
the cube corner indenter was chosen in that way, to have one side of the impression
parallel to the 〈112̄〉 direction. Furthermore it has to be noticed, that in the fol-
lowing only the left-hand part of the deformation zone is considered, since correct
sectioning on the right-hand side, through the imprints edge, can not be ensured.
Starting with the misorientation maps of the smallest sectioned indentations, those
made at loads of 0.5 mN and 1 mN (Figure F.2 (a) and (b)), show the formation
of patterns consisting of two characteristic sections. As demonstrated in a former
work15 section I and II are rotated contrary and are separated by a less pronounced
arrangement of dislocations. Noticeable is the relatively large lateral extension of
section I, as well as the ambiguous character of both sections. This is due to the
fact that the misorientation patterns are built up by only few dislocations.17 In-
creasing the load and as a consequence the penetration depth yields to a significant
increase of the misorientation and to the formation of strongly pronounced patterns
(see 10 mN indent in Figure F.2). As can be seen, a third characteristic section
denoted III which rotates contrary to section II, appears.15 Additionally it has to
be noticed, that in the misorientation maps of the large imprints a less sensitive
color code was used. Compared to the highly ambiguous patterns of the 0.5 mN and
1 mN imprints, the misorientation patterns of the 10 mN indent look well defined.
Analyzing the patterns in the TEM shows for the 10 mN indentation a deformation
zone built up by structures of high dislocation density, while the deformation zone
of the 0.5 mN indentation consists of only few dislocation loops.17 It seems that the
single dislocations which surround the shallow imprint and induce the observed only
slight misorientation gradients, are responsible for the ambiguous character of the
deformation patterns. The misorientation map of the 300 mN indentation (Figure
F.2 (d)) shows similarity to the 10 mN imprint. Here as well three sections, which
characterize the traces of deformation, appear. Differences to the 10 mN imprint can
be found in a much more confined section II and in a vertical line below the imprints
tip, associated with the already known change of the shear stress field. Figure F.2
(e) represents the misorientation map of a 10 N imprint. Investigating the map,
shows that only two characteristic sections appear. Interesting is the high axial and
an only minor lateral extension of section I. Section II, on the other hand, is axially
more limited. As can be seen, the deformation pattern in section II is axially ex-
tended by slip bands which are symmetrically arranged at the centerline. Laterally,
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Figure F.1: (a) Hardness as a function of indentation depth and (b) square of the hardness
as a function of the reciprocal indentation depth, for loads ranging from 40
µN to 100 N. The arrows mark the hardness values of imprints investigated in
course of this work. Error bars are inserted only for those datum points where
the error bar is larger than the size of the symbol.
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Figure F.2: Misorientation maps of indentations in copper for loads of 0.5 mN, 1 mN, 10
mN, 300 mN, 10 N and 100 N. The maps (a)–(e) represent the whole cross-
section of the indentations, while for the 100 N indentation only one half of
the cross-section is displayed. Noticeable is that in the misorientation maps
different color codes have been used. The inset in (f) shows the position of
the imprints with respect to the crystal orientation as well as how the 100 N
indentation was cut.
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section II is enclosed by the changing shear stress field on the right-hand side, and
by the deformation pattern of section I on the left-hand side. The deformation-
induced zone of the largest investigated indentation, performed at a load of 100 N,
is displayed in Figure F.2 (f). Mentionable is, that only the left-hand side of the
imprint was cross-sectioned, in order to keep the FIB milling time down. As already
found for the 10 N indentation, here as well the deformation-induced zone consists
of two characteristic sections. Both sections are laterally strongly confined, while
axially they reach far into the bulk. Noticeable is the strong fragmentation of the
deformation pattern into substructures.

Figure F.3: Logarithmic plot of the hardness versus the indentation depth for loads rang-
ing from 40 µN to 100 N. The arrows mark the hardness values of imprints
investigated in course of this work. Error bars are inserted only for those
datum points where the error bar is larger than the size of the symbol.

It has to be mentioned that the described changes in the evolution of the mi-
crostructure are not reflected in the hardness curves presented in Figure F.1, neither
in the H vs. hc plot (a) nor in the H2 vs. 1/hc plot (b). However, replotting the
data in a logarithmic diagram shows three clearly distinguishable regimes (see Fig-
ure F.3). Comparing the identified regimes denoted by α, β and γ , to the different
“structure-formation” processes found in Figure F.2, show very good agreement. In
regime α, where the imprints are smaller than approximately 200 nm, no significant
orientation changes were detected (cp. Figure F.2 (a)). Regime β, which describes
indentations between 200 nm and 10 µm in depth, is characterized by regions exhibit-
ing distinctive changes of the orientation (cp. Figure F.2 (c) and (d)). Noticeable
is, that in this regime the dimension of the misorientation patterns are proportional
to the size of the imprint. Furthermore, the orientation differences increases with
growing indentation depth, especially between 200 nm and 1 µm. Regime γ, on
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the other hand, associated with indentations larger than 10 µm, is indicated by a
substructure which typically forms during the deformation of face-centered cubic
(fcc) single crystals of pure metals (cp. Figure F.2 (e) and (f)). In order to facilitate
the subsequent discussion, in the following the salient fundamental features of strain
hardening behavior of single crystals are listed:

- The hardening behavior of a single crystal shows different stages, denoted I,
II, III, IV and V.

- The onset-stress for plastic deformation of fcc single crystals of pure metals
is very low and their flow stress exhibits an extraordinary high hardening
capacity.

- The dislocation structure developed in a single crystal depends significantly on
the applied strain and the path the straining is accomplished. It usually starts
by the formation of micro- and macro slip bands and proceeds by the gener-
ation of cells and cell block structures. Further deforming, keeps the process
of fragmentation on. Finally, at very large strains a saturation structure with
a minimum crystallite size is reached. For copper single crystals deformed at
room temperature, this crystallite size is in the order of a few 100 nm.18

- Additionally it has to be considered, that in case the imprint size is significantly
larger than the dimension of the deformation-controlling microstructure, the
hardness should be independent of the imprint size.

Keeping the aforementioned facts in mind, it becomes evident that the size of
the investigated imprints covers a wide range of the different scales of structural
evolution, which occur during the deformation of a single crystal. Due to these facts
it is not surprising that hardness changes with the size of indentation. As can be
seen, regime α is characterized by an imprint size, which is lower than the smallest
structural element of a single crystal deformed at very large strains. At such small
imprints, no substructure exhibiting large misorientation gradients, is generated. It
is assumed that the indentation is realized by dislocation loops, pushed into the
crystal, building up a “prismatic loop”-like structure. Since the loops arrange in
a very wide spread manner, the resulting orientation changes are only small.17,19

In this regime, plastic flow is controlled by the source stress and the back stress
of already existing dislocations. Regime β is characterized by substructures, which
are typical for heavy plastically deformed single crystals. The dimensions of these
structures are dependent on imprint size and the amount of misorientation between
the different regions. As demonstrated in Figure F.2, augmentation of the indent
size yields to an increased size of the substructure. It seems that the increasing
substructure size is responsible for the decreasing hardness, similar to the observed
decrease of flow stress with increasing grain size. The characteristic of regime γ,
are regions with a substructure similar to low and medium deformed single crystals.
It can be seen from Figure F.2 (e) and (f) that these regions, which exhibit a
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structure that typical develops at lower strains, become more and more important.
This already known fact,20 seems to be responsible for a further reduction of the
hardness.

In the authors opinion the very low stress necessary for the onset of plasticity
in pure fcc metals, the very high hardening capacity and the formation of different
substructures causes the ISE for the relatively large imprints. Summarizing, the
following conclusions can be drawn: The hardness of a material varies with the size
of the indent, as the flow stress of a single crystal with the evolving substructure.
Only for very small imprints (i.e. in regime α), the source size becomes the dominant
effect.
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Abstract

The use of focused ion beam (FIB) milling for the preparation of site-specific
transmission electron microscopy (TEM) samples is very important for material
science. Usually, ions with a kinetic energy of approximately 30 keV are used for
thinning specimens to electron-transparency. The results are damage structures on
the sample surface, which makes a detection of pre-existing defects very difficult, or
even impossible. In the following we present a method to prepare damage minimized
site-specific TEM specimens by means of FIB low energy milling. Additionally, the
sample made with FIB low energy milling is compared to a specimen prepared with
FIB high energy milling.
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G.1 Introduction

In recent years, focused ion beam (FIB) technique has become the method of choice
to prepare site-specific transmission electron microscopy (TEM) samples.1 The so-
called in-situ lift-out technique, which was first proposed by Overwijk et al.2 and
further developed by Giannuzzi et al.,3 is thereby the most used method to directly
remove electron-transparent thin foils from a bulk specimen. For thinning of the
foils, typically ion beams accelerated by 30 kV are used, which results in massive
damage of the the specimen surface. The consequences are gallium contaminations,
the amorphization of the surface and/or the formation of defect agglomerates and
intermetallic phases.4–15 Due to the extensive microstructural modifications of the
sample, the analysis of pre-existing defects is massively impeded. Minimization of
damage can be achieved by two ways: 1) Reducing the incidence angle of the im-
pinging Ga+ ions and 2) using lower ion energies.16 Since the ion beam is parallel
to the surface to be thinned, reduction of the incidence angle is no option. Conse-
quently, the acceleration voltage of the Ga+ ions has to be reduced. In the following
we report on the use of a low energy module attached to a LEO 1540 XB FIB
workstation, to fabricate damage-minimized TEM samples. The fabrication process
is explained by means of manufacturing a cross-sectional TEM sample through the
center of a nanoindentation. Special attention is paid to give a detailed description
of the steps, necessary to produce low-energy thinned specimens.

G.2 Specimen preparation method

Copper {111} single crystals were prepared by wet grinding and mechanical polish-
ing. Subsequently the {111} surface was electropolished, in order to remove any
deformation layer produced during prior polishing steps. Using a Hysitron Tribo-
Scope fitted with a cube corner indenter, indentations with loads of 10, 2.5 and 1
mN, respectively, were performed on the readily polished surface. By means of a
LEO 1540 XB focused ion beam (FIB) workstation, cross-sectional TEM samples
were fabricated. For this purpose, the center of the imprint was marked and a pro-
tection layer was deposited.17 The protection layer should exhibit a thickness of
about 1–2 µm. Subsequently to deposition, two trenches on each side of the imprint
were cut, which resulted in an approximately 2 µm thick foil containing the inden-
tation. By means of a micromanipulator the foil was lifted out and fixed to a TEM
sample holder. A series of images showing the lift-out process is presented in Figure
G.1. More detailed information on in-situ sample lift-out can be found in the work
of Massl.18 The description given in the following starts, where the lifted out foil is
already fixed to the TEM sample holder.

Using an acceleration voltage of 30 kV and an ion current of 500 pA, the foil is
thinned coarsely. For this purpose, the sample has to be tilted to approximately
55.2°. Due to the convergence of the beam, “over-tilting” is necessary in order to
obtain an equally thinned sample. Subsequently, the sample holder is rotated by
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G.2 Specimen preparation method

Figure G.1: Series of images showing the lift-out process of a foil. (a) Indent on a {111}
surface of a copper single crystal. (b) Indent covered by a protection layer
and cut free by two trenches. (c)–(d) Free cutting of the foil and positioning
of the micromanipulator needle. (e) Using the gas injection system (GIS) to
mount the micromanipulator needle to the foil. (f) Free cutting and lift-out
of the foil. (g) Positioning of the foil to the TEM specimen holder. (h) Using
the GIS to mount the foil to the TEM specimen holder.
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Figure G.2: SEM micrographs of an unfinished TEM foil taken at (a) 10 kV and (b) 5 kV
acceleration voltage in SEM high current mode.
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G.3 Results and discussion

180° to enable polishing of the back side. Thinning of the back side is as long
performed as the sample starts to get transparent in SEM mode at 10 kV (see
Figure G.2 (a)). Changing the SEM acceleration voltage to 5 kV, yields to a picture
similar to those shown in Figure G.2 (b). In a next step, the ion gun is switched
into low energy mode; for that reason shutting down of the gun is required. After
setting the acceleration voltage to 5 kV, the gun can be restarted. As Figure G.3
(b) demonstrates, reducing the acceleration voltage results in a poor resolution of
FIB imaging. Since the convergence of the beam is further increased by reducing
the ion energy, the sample has to be tilted to 60.5°. Also included in Figure G.3
(b) is a sketch, showing how the milling rectangle should be positioned. Selecting
a milling current of 200 pA and a time period of 600 s, the milling job can be
executed. During milling an accurate observation of the foil is essential in order to
prevent unequal material removal. In case of irregular removal the tilting angle of
the specimen has to be corrected. After finishing the front side and rotating the
sample by 180°, milling of the back side can be started. The thinning process is
completed when the foil gets electron-transparent in SEM mode at 5 kV.

The subsequently accomplished TEM analyses, were performed using a Philips
CM12 transmission electron microscope operating at an acceleration voltage of 120
kV.

G.3 Results and discussion

A cross-sectional bright-field TEM image of a 1 mN indentation, prepared in low
energy milling mode, is presented in Figure G.4 (a). For comparison a TEM image
of a 2.5 mN indent, thinned with an acceleration voltage of 30 kV, is shown in
Figure G.4 (b). It is apparent from both micrographs that the sample thinned with
higher energy (Figure G.4 (b)) exhibits a much more damaged surface. The damage
structure possess a strain contrast, comparable to a dislocation network imaged
under two beam condition. Consequently, the detection of pre-existing artifacts is
impeded or even impossible. The low energy sample, on the other hand, shows only
slight damage of the surface. However, avoiding the formation of defects completely,
seems to be impossible. A more detailed description on FIB damage, especially for
copper, can be found in the work of Kiener et al.15

G.4 Conclusions

Summarizing it can be said, that low energy FIB technology minimizes the damage
considerably, however, the preparation of artifact-free TEM samples is up to now not
possible. Due to this fact, FIB low energy milling is essential to fabricate damage-
minimized TEM specimens.

95



G TEM sample preparation using low energy ion milling

Figure G.3: FIB micrographs of an unfinished TEM foil taken at an acceleration voltage
of (a) 30 kV and (b) 5 kV. The ion current in both cases was 200 pA. The
rectangle in (b) shows, how the milling window should be positioned.
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G.4 Conclusions

Figure G.4: Cross-sectional TEM micrographs through the center of indentations made
at loads of 1 mN (a) and 2.5 mN (b), respectively. The thin foil presented
in (a) was prepared with gracing incident Ga+ ions with a kinetic energy of
5 keV, while for (b) ions with a kinetic energy of 30 keV were used. Both
micrographs were taken with a 2̄00 two beam condition.
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