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Kurzfassung 
Das umfangreiche Verständnis von Größeneffekten in der Kristallplastizität ist 

heutzutage noch immer eine Herausforderung, obwohl man sich in der Literatur 

zumindest über Größeneffekte in dem relativ einfachen, kubisch-flächenzentrierten 

Kristallsystem einig ist. Für Metalle mit kubisch-raumzentrierter Gitterstruktur hingegen 

werden immer wieder kontroverse Daten publiziert. Diese stammen meist von dem 

temperaturabhängigen, thermischen Spannungsanteil, der das Skalierungsverhalten 

der Festigkeit wesentlich beeinflusst. Eine noch viel komplexere Situation ergibt sich, 

wenn zusätzliche Grenzflächen in das Material eingebracht werden und die Plastizität 

eines Kristalls beeinflussen. Für technische Anwendungen auf Mikrometerebene ist 

die Plastizität von Strukturen mit Grenzflächen von enormer Bedeutung. Durch 

Designoptimierungen erfolgt ein weiterer Schritt Richtung Bauteilminiaturisierung 

welche zur Verlängerung der Zuverlässigkeit und der Lebensdauer beitragen kann. 

In der vorliegenden Dissertation wird der mögliche Einfluss von internen 

Grenzflächen auf Größeneffekte in zwei kubisch-raumzentrierten Metallen (Chrom und 

Wolfram) untersucht. Durch makroskopische Druckversuche, Nanoindentierung und 

mikroskopische in-situ Druckversuche werden Experimente über mehrere 

Längenskalen abgedeckt. Weiters wurden Versuchstemperaturen von 

Raumtemperatur bis ~600°C realisiert. 

Um Versuche bei erhöhter Temperatur im Rasterelektronenmikroskop an 

mikroskopisch kleinen Proben durchzuführen, wurde ein bereits existierender 

Mikroindenter mit einer selbstentwickelten Heizung ausgestattet. Zum ersten Mal 

konnte gezeigt werden, dass eine Kalibrierung der Kontakttemperatur durch eine Finite 

Elemente Simulation möglich ist. Des Weiteren konnten in-situ Versuche bis 300°C 

durchgeführt werden. Vorherrschende thermisch aktivierte Verformungsmechanismen 

wurden in den Modellmaterialien durch Bestimmung der Dehnratenabhängigkeit und 

der dazugehörigen Aktivierungsvolumina bestimmt. Weiters wurde das plastisch 

verformte Probenvolumen sorgfältig reduziert, um den Einfluss freier Oberflächen zu 

prüfen, bis ein Übergang von makroskopischem zu einkristallinem Verformungs-

verhalten beobachtet wurde. 

Die vorliegende Arbeit identifiziert mikrostrukturelle Mechanismen, die zu 

Größeneffekten in kubisch-raumzentrierten Metallen beitragen sowie Anteile, welche 

durch freie Oberflächen entstehen. Vorherrschende Verformungsmechanismen in 
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ultrafeinkörnigem Chrom und Wolfram werden untersucht und mit dem 

Verformungsverhalten von Einkristallen verglichen. Bei niedrigen Temperaturen 

verformen einkristalline sowie ultrafeinkörnige Proben durch thermisch aktivierte 

Bewegung von Schraubenversetzungen, wohingegen bei erhöhten Temperaturen ein 

konstantes Aktivierungsvolumen auf Interaktionen von Versetzungen mit Korngrenzen 

schließen lässt. 
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Abstract 
The thorough understanding of size effects in crystal plasticity is still a challenging 

task even though consent is reached in literature on the strength scaling behaviour in 

single crystalline face-centred cubic structures. However, for body-centred cubic 

metals, controversial results have been reported, which is mainly attributed to a 

temperature-dependent thermal stress component that significantly alters the strength 

scaling behaviour. An even more complicated situation is expected if additional 

interfaces, such as grain boundaries, affect the crystal plasticity at small scales. For 

technical applications, the understanding of small-scale plasticity of structures 

containing interfaces is crucial, as design optimizations may lead to further 

miniaturization of devices and lifetime and reliability issues might be enhanced.  

In this PhD thesis a possible influence of interfaces on the strength scaling 

behaviour of two body-centred cubic model metals, namely chromium and tungsten, is 

investigated. Macroscopic compression, nanoindentation and in-situ scanning electron 

microscope micro-compression experiments, spanning several length-scales and 

ranging from the (sub-)micron to the macroscopic regime, were performed. 

Furthermore, temperatures ranging from room temperature up to ~600°C were applied. 

To conduct experiments at small scale and elevated temperature, an existing micro-

indenter was equipped with a custom-built heating device. For the first time, 

temperature calibration was performed by conducting a simulation approach to perform 

micromechanical tests up to 300°C. The apparent thermally activated deformation 

behaviour was addressed in terms of strain-rate sensitivity and activation volume. The 

influence of free surfaces was examined by thoroughly reducing the plastically 

deformed volume until a transition from bulk-like to single crystalline deformation 

behaviour was observed.  

The present work identifies contributions of microstructure and free surfaces to 

the strength scaling behaviour in body-centred cubic structures. Underlying 

deformation mechanisms in ultrafine-grained chromium and tungsten are examined 

and related to the single crystal situation. At low temperatures single crystalline and 

ultrafine-grained samples deform by the thermally activated motion of screw 

dislocations. At elevated temperature, the constant activation volume indicates 

dislocation-grain boundary interactions. 
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a  lattice constant 

b  Burgers vector 

bcc  body-centered cubic 

BSE  backscattered electrons 

cg  coarse grained 

Cr  chromium 
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EBSD  electron backscattered diffraction 

EDM  electron discharge machining 
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m  strain-rate sensitivity 

nc  nanocrystalline 

ν  activation volume 

RT  room temperature 

SEM  scanning electron microscope 
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sxx  single crystalline 

TEM  transmission electron microscope 

ufg  ultrafine-grained 
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1. Motivation 
Since technical devices are getting ever smaller, the material requirements, 

especially regarding the mechanical response at small-scale and non-ambient 

conditions, are generally increasing. Therefore, it is of key importance to further 

improve and tailor mechanical properties, for example, in thin film technology, 

microelectronics, or structural applications. In recent years, effort was made to 

establish small-scale testing techniques such as nanoindentation [1] and micropillar 

compression [2] to understand the deformation behaviour from macroscopic scale 

down to small volumes. Those techniques are beneficial, as they offer the premise to 

assess specific intrinsic material behaviour such as plasticity mechanisms in single 

crystals or the interaction of dislocations in samples containing interfaces [3–6]. 

Small-scale testing techniques were recently applied to several metals and a 

general trend of increasing strength with reduced sample size was reported [7–12]. 

Nowadays, it is established that the strength in such confined volumes scales 

according to a power-law with the sample dimension d as the base and n as the 

strength scaling exponent (~d-n) [7–12]. A lot of extrinsic and intrinsic sample 

parameters might alter this strengthening behaviour individually. Consequently, there 

is still an ongoing debate on the governing deformation mechanisms, especially for the 

less understood body-centred cubic (bcc) structures [13–20]. 

Bcc metals are of particular interest to be integrated in small-scale devices and 

structural applications which operate at elevated temperatures, as they offer high 

strength and thermal stability due to their high melting temperatures. Thus, to make 

high strength bcc metals suitable for technical applications it is important to derive a 

thorough mechanism-based understanding of: 

 size-dependent plastic deformation, 

 the influence of microstructure on strength scaling mechanisms, and 

 microstructure-related effects on the thermally activated deformation 

behaviour of bcc metals. 
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2. Aim of the work 
This thesis should help to extend the knowledge about mechanical properties of 

single- and polycrystalline bcc metals across several length-scales and stress-states 

at RT as well as non-ambient conditions. Especially surface contributions, enhanced 

at small-scales by an increase in surface-to-volume fraction [21–24], are of vital interest 

as they might cause differences in apparent deformation behaviour. Therefore, an 

existing in-situ micro-testing device operating inside a scanning electron microscope 

(SEM), was equipped with a custom-built heating device to perform in-situ experiments 

and to investigate specific deformation mechanisms of bcc metals. In particular, the 

role of the microstructure and the temperature-dependent friction stress in bcc metals 

are related to the size-affected strength scaling behaviour in two bcc model materials, 

namely Cr and W, and apparent deformation mechanisms will be examined. 

 

3. State of the art 
Bcc metals such as the investigated model materials in this thesis are widely used 

for applications in the electronics-, coating-, lighting- and high temperature industry. 

Especially Cr and W are established for coatings to shield load-bearing structures from 

acids or heat. In thin film technology, they are often used as thermal barrier coatings 

as they offer low coefficients of thermal expansion paired with pronounced electrical 

conductivity and low diffusivity coefficients. However, coatings and thin films are 

dimensionally constrained, which leads to a pronounced strength scaling behaviour 

and size effects due to the constraint sample dimension [12,25]. 

 

3.1 Plasticity in miniaturized metallic structures 
Among the large variety of measurement techniques to obtain mechanical 

properties of thin films, pillar compression and nanoindentation methods are the most 

prominent ones capable of probing the mechanical response of small volumes. 

Especially pillar compression is a prominent, straight forward testing technique which 

offers the advantage of a nominally uniaxial stress state [2].  

Pillar compression experiments to study the strength scaling behaviour of fcc and 

bcc metals have been performed widely by several groups in the past years. 

Greer et al. [10], for example, investigated the stress-strain behaviour of Au and Mo 

pillars, where differences in the strength scaling behaviour were attributed to varying 
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dislocation mechanisms. Typical n-values for fcc metals are in the order of 0.6 [2]. The 

mechanisms responsible for such a scaling behaviour are interpreted based on a 

single-armed source model by Parthasarathy et al. [26]. Detailed mechanisms are 

discussed by El-Awady [27]. Notably, the crystal orientation, or more precisely the 

number of active slip systems [14,28,29], as well as dislocation density [27,30–32] 

affect the scaling exponent n. 

Several attempts have been made to analyse pillars containing different defect 

densities. Bei et al. [30] compared dislocation free to pre-strained Mo whiskers. While 

it is well-known that defect-free whiskers reveal theoretical strength values, testing 

pillars which contain defects leads to the afore mentioned size effects [30]. Their 

findings reveal no size effect for pillars with more than 11% pre-strain. Schneider et al. 

[31] and El-Awady et al. [32] pre-strained Ni pillars and found a decreasing strength 

scaling exponent with increasing pre-strain. This was related to cell structures that 

formed during straining and an increase in dislocation density in the cell walls with 

increasing pre-strain. For the sake of completeness, the influence of dislocation density 

on the strength scaling behaviour was additionally estimated by simulation 

approaches, for example by El-Awady [27]. Results are presented in Figure 1a, 

demonstrating that an increase in dislocation density goes along with a reduction of 

the strength scaling exponent n, in good agreement with experimental results [30,31]. 

While fcc metals can be regarded as athermal [33], in bcc structures the strength 

scaling exponent is additionally dependent on a thermal stress component (σ*). σ* 

limits the movement of elongated screw dislocations via the kink-pair mechanism 

[13,34,35]. Here, the thermal stress component is related to an absence of closest 

packed planes and complicated dislocation core spreading in the bcc structure [36,37]. 

Schneider et al. [13] tested various bcc metals with different critical temperatures 

(Tc) via pillar compression experiments. Hereby, the Ttest/Tc ratio refers to the individual 

thermal contributions to the Peierls stress of the various metals. As illustrated in 

Figure 1b, metals such as W exhibit a high thermal stress component at RT, evidenced 

by n-values of ~0.2 - 0.4 [13,15,20,28,38,39]. Contrarily, bcc metals with rather low 

melting points (Tm) such as Nb or Fe show reduced thermal stress components 

resulting in strength scaling exponents of 0.48 [13] and 0.59 [29,40], respectively. If 

thermal activation reaches ~0.2 · Tm [35] (equals Ttest = Tc), screw dislocations are not 

hindered by the Peierls potential anymore and propagate with the same velocity as 
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edge dislocations. At this critical temperature, the strength scaling behaviour in bcc 

metals approaches towards the fcc value, as demonstrated in Figure 1b. 

 

 
Figure 1: The strength scaling behaviour of fcc and bcc metals is shown to scale with an increasing 

number of intrinsic obstacles such as (a) dislocation density [27] and (b) a thermal stress component 

[13]. (a) An increase in dislocation density leads to a distinct decrease of the power-law exponent (n). 

(b) A comparison of individual bcc metals with varying thermal stress contribution tested at Ttest = RT 

leads to distinct strength scaling behaviour. 

 

Those findings were confirmed by Maier et al. [41] using advanced 

nanoindentation techniques. Also more recently, compression tests on sxx W and Ta 

were carried out at elevated temperatures by Torrents Abad et al. [15]. They observed 

increasing strength scaling exponents with increasing test temperature, which confirms 

the results presented in Figure 1b. 

 

3.2 Interface dominated plasticity 
To attribute variations in the strength scaling behaviour, especially when 

interfaces are present which modify apparent deformation mechanisms, rate-

dependent experiments offer valuable information. A common approach to gain insight 

into the thermally activated deformation behaviour of fcc and bcc metals is to determine 

their strain-rate sensitivity [42]: 

𝑚 =
𝜕 ln 𝜎

𝜕 ln �̇�
      (1) 
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where σ is the flow stress at a certain strain value and 𝜀̇ is the corresponding strain-

rate. To relate a certain m-value to a corresponding deformation mechanism, an 

apparent activation volume (𝜈) [43] is calculated 

 

𝜈 =
𝐶∙𝑘𝐵∙𝑇𝑡𝑒𝑠𝑡

𝑚∙𝜎
,      (2) 

 

with C as a constant related to the microstructure and kB the Boltzmann constant. To 

perform such experiments, multiple constant strain-rate tests [42] and/or strain-rate 

jump (SRJ) tests [44] are conducted. The rate-dependent stress response is used to 

determine m. 

As illustrated in Figure 2, conventional coarse grained (cg) or sxx fcc metals 

exhibit m-values in the order of 10-³ [45–49]. If internal length-scales for dislocation 

interaction become smaller, for example by decreasing the grain size (d), m increases 

by about one order of magnitude [46,50]. The corresponding activation volume 𝜈 

(indicated in multiples of the cubed Burger’s vector b³) decreases from values well 

above 100 b³ (cg microstructure) to a couple of 10 b³ in ultrafine-grained (ufg) fcc 

metals [47,50–54]. This indicates a transition from forest dislocation interactions to 

dislocation-grain boundary (GB) interactions. A further decrease of the grain size to 

the nanocrystalline (nc) regime leads to low 𝜈 of ~1 b³ and m-values of ~0.1 [47,55–

57]. These values are classically attributed to diffusion-driven processes, such as GB-

sliding [50,58]. 

To further investigate the GB contribution in confined sample volumes, 

Zhang et al. [48,49] performed micro-compression tests on sxx and ufg Cu pillars and 

reported that m is strongly dependent on the sample diameter to grain diameter (D/d) 

ratio. While sxx and macroscopic polycrystalline Cu samples show low m-values of 

~0.002, they reported ~0.10 - 0.15 for D/d ranging between 3 and 10. Thus, the high 

number of interfaces in the deformed volume strongly alters the deformation behaviour 

[45,50,59] and the yield stress [21–24] of pillars in the fcc case. 
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Figure 2: Rate dependence of various fcc and bcc metals. Increasing strain-rate sensitivity with 

decreasing grain size is observed for fcc metals (red). In bcc metals (black) m-values decrease with 

grain size until a minimum is reached. By overcoming this minimum, an increase in strain-rate sensitivity 

is observed. 

 

While the situation in fcc metals is well understood, the situation is more difficult 

in bcc structures [17,18], as shown in Figure 2. In literature, rate-dependent 

investigations on bcc metals were conducted by Wei et al. [51,60–63], May et al. [59] 

and Jia et al. [64] performing macroscopic compression tests, as well as by Zhou et al. 

[65], Wu et al. [66], Jang et al. [67], Malow et al. [68] and Yoder et al. [69] performing 

nanoindentation tests. They addressed the rate-dependent deformation behaviour of 

V, W, Mo, Ta, Cr and Fe. Decreasing m with decreasing grain size was reported (see 

Figure 2), in contrast to reports on fcc metals [45,50,59]. Reducing the grain size to 

below ~100 nm, m-values were reported to increase again (Figure 2). One might 

conclude that those differences result from the application of different testing 

techniques over several length-scales. However, recent work on nc Ni, ufg Al and ufg 

Nb [44,70,71] revealed direct comparability of constant strain-rate tests and SRJ tests 

performed by nanoindentation, small-scale tension and compression experiments with 

macroscopic data. 
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3.3 Thermally activated deformation behaviour 
More recently, Maier et al. [41,72] investigated deformation mechanisms in sxx 

and ufg bcc metals by means of advanced nanoindentation techniques at RT for Cr 

and W [41], and at elevated temperatures for Cr [72]. For Cr, m-values of ~0.07 at RT 

in sxx samples was attributed to a strong contribution of the Peierls potential (see 

Figure 3) and a low mobility of screw dislocations [35] which govern the deformation 

process at low homologous temperatures underneath Tc via the kink pair mechanism 

[35,73,74]. Increasing thermal activation leads to a decrease of the Peierls potential 

(σ*, thermal stress contribution) until at ~0.2 · Tm the critical temperature is reached. 

Beyond this temperature which depends on strain-rate, impurity content and 

microstructure [72], screw- and edge dislocations propagate with equal speed. From 

this point on, typical fcc deformation mechanisms as indicated by the black horizontal 

line in Figure 3 have been observed. 

Comparably lower m-values at RT of ~0.02 in ufg samples were referred to a 

prevailing contribution of the Peierls potential in combination with an increased 

athermal contribution σa due to athermal GB strengthening according to Hall and Petch 

[75,76], see Figure 3. Overcoming Tc in the ufg state, a further increase of m was 

related to a diminishing contribution of σ* accompanied by an emerging dominant 

thermally activated dislocation-GB interaction (blue dotted line). Moreover, σa 

remained mostly constant with increasing temperature due to a thermally stable 

microstructure [72]. 

To make the apparent deformation behaviour visible, micro-mechanical 

experiments are conducted in-situ in an SEM. Thus it appears that site specific sample 

preparation is required. 
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Figure 3: The thermally activated deformation behaviour of sxx (red) and polycrystalline bcc metals 

(blue). σ* and σa indicate the thermal and the athermal stress contribution, respectively. Dashed lines 

refer to a stress response at higher strain-rates The image was modified and reprinted from [72]. 

 

3.4 Miniaturized sample fabrication using FIB 
In order to obtain a free perpendicular view of the electron beam on the 

compression samples, pillars are placed on a thinned lamella [77]. The individual steps 

of the FIB fabrication of rectangular, taper-free pillars are illustrated in Figure 4. A 

rotation angle of 45° of the pillar with respect to the parallel lamella side offers the 

possibility to monitor the deformation simultaneously on two side faces of the sample 

(Figure 4). As a first step, coarse cuts are milled into the lamella to obtain rough 

compression samples, as shown in Figure 4b and c. Remnant tips are subsequently 

removed by a top down milling step, as demonstrated in Figure 4d and e. Finally, the 

lamella is put back in its original position and the two perpendicular sample sides and 

the final height of the pillars are obtained by applying finer polishing steps. 

Beside the advantage of site specific sample preparation using FIB techniques 

as shown in Figure 4, FIB damage caused by the implantation of ions is intensively 

discussed in literature [78–80]. Preparation induced effects might alter the mechanical 

properties of millimetre-sized and even micron-sized samples [81]. In contrast to that, 

Jennings et al. [82] reported that size effects are independent of FIB damage. Samples 

tested within this thesis are large compared to a potentially affected surface depth 

(typically ~50 nm, [78]) and therefore only a minor influence of a processing induced 
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size effect is expected. Detailed information about the micromachining process utilizing 

a FIB is further discussed by Phaneuf [83] and Volkert and Minor [84]. 

 

 
Figure 4: Individual steps necessary to prepare pillar compression samples on a lamella using FIB. The 

image was reprinted from [77]. 

 

3.5 Mechanical testing techniques at non-ambient conditions 
3.5.1 Macroscopic compression testing 

Macroscopic compression tests were performed ex-situ in air using a universal 

tensile testing unit (Zwick GmbH & Co. KG, Ulm, Germany) modified with a load 

reverse tool to a compression device to perform experiments at nominal uniaxial stress 

states. The samples were held between two WC-Co plates and sample-plate interface 

friction during deformation was neglected. In order to measure thermally activated 

processes, tests were conducted at constant strain-rates between 10-2 and 10-4 s-1 for 

temperatures ranging between RT and 610°C. Loads were measured utilizing 

calibrated 10 kN and 20 kN load cells (resolution limit < ± 0.5%) for ufg Cr and ufg W 

samples, respectively, and strains were calculated from recorded time and 

corresponding crosshead velocity data. 
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3.5.1 In-situ SEM pillar compression 

Temperature dependent quantitative miniaturized in-situ micro-compression tests 

were carried out inside an SEM (Zeiss LEO 982, Oberkochen, Germany). Pillars 

smaller than 1 µm were tested with a Hysitron PI85 Picoindenter® using a feedback 

loop of 200 Hz, while for pillars larger than 1 µm, an UNAT-SEM indenter (Zwick GmbH 

& Co. KG, Ulm, Germany) with a feedback loop of 64 Hz was utilized, as this device 

offers the required higher loads. For RT, the indenters were equipped with conductive 

diamond flat punches (Synton-MDP AG, Nidau, Switzerland) with diameters of ~6 µm 

and ~8 µm, respectively.  

To perform experiments at elevated temperature, a custom-built heating 

equipment was installed on the existing UNAT-SEM indenter (see Publication C). 

Indenter tips suitable for the heating device were equipped with thermocouples and a 

rectangular-shaped ~10 · 6 µm² flat punch, as well as a wedge with a length of 120 µm, 

were subsequently FIB milled. 

Stress-strain curves were recorded at strain-rates ranging from 10-2 s-1 - 10-4 s-1 

and further calculated from the recorded force-displacement data after taking into 

account corrections for the sample sink-in [85] and the machine stiffness [86]. The top 

pillar area was used for stress calculations, and the strain refers to initial height of the 

non-tapered samples [87]. 

Based on the law of error propagation by Gauss, taking into account multiple 

independent defective inputs, additional errors in determining engineering stresses 

were calculated using 

 

∆𝜎 = √(|
𝜕𝜎

𝜕𝐹
| ∙ ∆𝐹)

2

+ (|
𝜕𝜎

𝜕𝐴
| ∙ ∆𝐴)

2

,    (3) 

 

and: 

 

∆𝜎 = √(
1

𝐴
∙ ∆𝐹)

2

+ (
𝐹

𝐴2
∙ ∆𝐴)

2

.    (4) 

 

ΔA is given by the squared pixel size error which originates from inaccuracies of 

determining the sample area. ΔF is estimated by the noise in the data before 

approaching the contact as upper bound. 
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3.5.2 Nanoindentation 

In order to measure thermally activated processes at various temperatures and 

multiaxial stress states, nanoindentation SRJ tests [44] were performed using a 

Nanoindenter G200 (Keysight Technologies, USA) [88]. The device is equipped with a 

continuous stiffness measurement (CSM) which was used to continuously record the 

contact stiffness to check the Young’s modulus / displacement profile which is 

horizontal and independent on indentation depth for mechanically isotropic materials. 

Machine stiffness and tip shape calibrations were performed at RT according to the 

Oliver-Pharr method [89]. Strain-rate jumps for displacement segments of 500 nm 

each and strain-rate levels of 5 · 10-2 s-1, 10-2 s-1, 5 · 10-3 s-1 (high temperature) and 

5 · 10-2 s-1, 5 · 10-3 s-1 and 10-3 s-1 (RT), were performed, respectively. Furthermore, 

strain-rate controlled tests with a constant strain-rate of 5 · 10-2 s-1 were conducted to 

compare to results from SRJ tests as well as uniaxial testing techniques. For all tests, 

the CSM frequency was set to 45 Hz and a harmonic displacement amplitude of 2 nm 

was superimposed. 

For RT testing, a three-sided diamond Berkovich pyramid (imposing ~8% plastic 

strain, obtained from MicroStar Technologies, Huntsville, USA) as well as a diamond 

Cube Corner indenter (Synton-MDP AG, Nidau, Switzerland), which imposes ~20% 

plastic strain [90], were utilised. For high temperature measurements at 100°C, 150°C, 

200°C, 250°C and 300°C a Berkovich pyramid tip made of sapphire (Synton-MDP AG, 

Nidau, Switzerland) was used. Independent heating of sample and indenter was 

achieved by a laser heating stage (SurfaceTec, Hückelhoven, Germany) and an active 

water-cooling system. Moreover, the maximum indentation depth for all indents was 

2500 nm and tests under non-ambient conditions were performed in an inert gas 

environment (95% N2 and 5% H2) to exclude sampling issues and oxidation effects. 

Thermal drift was measured in post-test regimes at 10% of the maximum load. Tests 

for which drift exceeded 0.3 nm/s were not considered. Details of the nanoindentation 

equipment are found in Publication B, Publication D and [88]. 

To facilitate comparison of nanoindentation data obtained with self-similar 

indenters with uniaxial stress-strain data, following considerations are taken into 

account within this thesis: The choice of an appropriate value for the constraint factor 

C*, which links the hardness to flow stresses, can validate the uniaxial test data. 

However, if C* is considered to be in the range of 2.5 - 3, rather than 2.8 used in this 
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thesis, the change of stress values of ~10% would only insignificantly affect present 

results and not change any qualitative relations. Moreover, the Young’s modulus to 

hardness (E/H) ratio [91] and the rate-dependence of the tested material [92] affect the 

load response of the indenter, and might result in additional error. The E/H ratio for the 

investigated ufg Cr and ufg W is ~70 and ~130, respectively, therefore a possible 

phase shift of the indenter signal should be only of minor influence. 

Furthermore, the plastically deformed volumes vary with the indenter geometry 

and mechanical properties [93,94]. Lastly, it should be noted that in terms of 

nanoindentation the induced representative strain will depend on the apex angle of the 

used tip. Hence, varying capabilities of strain hardening are examined, which affects 

the stress level [95]. However, as long as the contact stiffness is properly accounted 

for (indicated by stable hardness and Young’s modulus values with indentation depth) 

the tests can be considered valid and compared to uniaxial stress-strain data. 
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To conclude, main questions are derived from this short literature review and will be 

answered in the following chapter termed ‘summary of publications’: 

 

1. There is high demand of micro-mechanical properties obtained by in-situ SEM 

testing at elevated temperatures. One main goal of the thesis was to develop a 

custom-built heating device which fits on an existing micro-indenter. In this 

course, if it is possible to implement a heating device to the existing indenter 

system, several questions arise. Is it possible to perform experiments at elevated 

temperatures with the aim to study thermally activated deformation mechanisms 

utilizing the existing indenter? Which temperatures are achievable? Is it possible 

to perform temperature calibration by using a finite element simulation approach? 

2. The strength scaling behaviour in bcc metals is suspected to be related to a 

thermal stress component. If this is true, does the strength scaling behaviour of 

single crystalline chromium fit to literature data? 

3. It is reported that the increasing surface-to-volume ratios in small scale plasticity 

alter the strength scaling behaviour. Do these findings hold true for ultrafine-

grained pillars, where interfaces in terms of grain boundaries additionally affect 

the strength scaling behaviour? Which role is attributed to interface spacing and 

free surfaces? 

4. In refined microstructures, deformation mechanisms are not necessarily 

controlled by dislocation mediated plasticity. Which mechanisms are present in 

the investigated model materials? Does thermal activation additionally alter 

apparent mechanisms? 
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4. List of publications 
The following list of publications is split into two parts. First, main-author papers 

are presented where the majority of work (sample preparation, conducting and 

analysing experiments, composition of the text) was done by myself. Main author 

publications are additionally added in chapter 2 of the thesis. Co-author publications, 

where only parts of the work were contributed by myself, are listed afterwards and are 

separately added in the appendix. In addition to the publication list, a remark is given 

to underline the input of my contributors. 

 

4.1 Contributions as main-author: 
Publication A: 

Interplay between Sample Size and Grain Size: Single Crystalline vs. Ultrafine-
grained Chromium Micropillars 
R. Fritz, V. Maier-Kiener, D. Lutz and D. Kiener in Materials Science & Engineering A 

674 (2016) 626-633. 

In this publication, the strength scaling behaviour of single crystalline and ultrafine-

grained chromium (grain size ~160 nm) is analysed in terms of in-situ pillar 

compression experiments. For both microstructures, a strength scaling behaviour 

where ‘smaller is stronger’, was observed. 

 

Publication B: 

Dominating Deformation Mechanisms in Ultrafine-grained Chromium across 
Length-Scales and Temperatures 
R. Fritz, D. Wimler, A. Leitner, V. Maier-Kiener and D. Kiener in Acta Materialia 140 

(2017) 176-187. 

Apparent deformation mechanisms in ultrafine-grained chromium are investigated in 

Publication B based on experiments spanning over several length-scales and 

temperatures. A comparison to single crystalline samples revealed a direct influence 

of dislocations interacting with grain boundaries. 
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Publication C: 

Development and Application of a Heated In-situ SEM Micro-Testing Device 
R. Fritz and D. Kiener in Measurement 110 (2017) 356-366. 

In Publication C the development of a custom-built heating device is discussed, and a 

new finite element approach is presented to calibrate contact temperatures. Exemplary 

pillar compression and cantilever fracture experiments further demonstrate the 

functionality of the device. 

 

Publication D: 

Interface-dominated Strength Scaling Behaviour in Ultrafine-grained Tungsten 
Samples 
R. Fritz, A. Leitner, V. Maier-Kiener, R. Pippan and D. Kiener, submitted (10.08.2017) 

submitted to a SCI Journal. 

Based on Publication A, this work identifies the strength scaling behaviour of single 

crystalline and ultrafine-grained tungsten samples (grain size ~500 nm). The scaling 

behaviour is discussed in terms of a probable influence of free surfaces and strain 

hardening. Finally, deformation mechanisms are related to single crystalline and 

ultrafine-grained chromium. 

 

4.2 Contributions as co-author: 
Publication E: 

Novel Methods for the Site Specific Preparation of Micromechanical Structures 
S. Wurster, R. Treml, R. Fritz, M. W. Kapp, E. Langs, M. Alfreider, C. Ruhs, P. J. Imrich, 

G. Felber and D. Kiener in Practical Metallography 52 (2015) 3 131-146. 

 

Publication F: 

The influence of microstructure on the cyclic deformation and damage of copper 
and an oxide dispersion strengthened steel studied via in-situ micro-beam 
bending 
C. Howard, R. Fritz, M. Alfreider, D. Kiener and P. Hosemann in Materials Science and 

Engineering A 687 (2017) 313-322. 
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4.3 Remarks 
Beside the following remarks, all co-authors additionally contributed to the work by 

proof-reading the text. The main idea for all publications originates from my supervisor, 

D. Kiener. 

 

Publication A 
D. Lutz performed TEM investigations and V. Maier-Kiener supported the authors with 

her knowledge on bcc metals. 

 

Publication B 
Nanoindentation experiments were conducted by V. Maier-Kiener and A. Leitner. D. 

Wimler performed macroscopic compression experiments. V. Maier-Kiener further 

contributed with her profound knowledge on thermally activated deformation 

behaviour. 

 

Publication D 
Nanoindentation experiments were performed by A. Leitner. R. Pippan and V. Maier-

Kiener contributed with their wide knowledge about fracture- and deformation 

behaviour of bcc metals. 
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5. Summary of publications 
The following pages summarize the obtained mechanical properties of the metals 

investigated in this thesis, the development of the heatable in-situ micro-testing device, 

as well as main results and significant findings of the PhD thesis. The influence of grain 

boundaries and free surfaces on the strength scaling behaviour of miniaturized 

specimens is discussed by investigating the bcc model materials Cr and W. In the 

following subsections, light is shed on apparent deformation mechanisms responsible 

for the observed strength scaling behaviour. At the end of this chapter, the main 

findings will be summarized and suggestions how to further improve the heated in-situ 

micro-testing device will be given. 

 

5.1 Materials 
The bcc model materials examined in this thesis are Cr and W. Characteristic 

material properties are summarized in Table 1. 

 
Table 1: Characteristic properties of Cr and W. 

 Abbreviation Cr W Ref. 

Density ρ* [kg/m³] 7200 19300 [96,97] 

Young’s modulus E [GPa] 294 380-420 [98,99] 

Shear modulus G [GPa] 115 160 [100,101] 

Friction stress at RT τ* [MPa] ~50 ~345 [38,102] 

Poisson ratio ν [-] 0.21 0.28-0.3 [98,99] 

Melting temperature Tm [°C] 1890 3410 [101] 

Critical temperature Tc [°C] ~160 ~530 [35] 

Ductile-to-brittle-

transition temperature 
DBTT [°C] ~320-390 ~675 [103,104] 

Lattice constant a [m] 2.885 · 10-10 3.165 · 10-10 [97,98] 

Burger’s vector b [m] 2.50 · 10-10 2.74 · 10-10 [101] 

Hall-Petch constant kH-P [MPam1/2] 1.38 1.86 [95,100] 

 

Both metals are non-ferromagnetic and show semi-brittle deformation behaviour 

in the recrystallized states. They vary in density, Young’s modulus and melting 

temperature, and therefore the critical temperature and their friction stress at RT are 
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different. This situation is particularly of interest to study the deformation behaviour of 

bcc metals over a wide range of relative temperatures [13]. Besides investigations of 

intrinsic material properties [11] and their influence on the strength scaling [13] and 

deformation behaviour [41,66,72], interfaces in terms of GBs were integrated into the 

microstructure in this thesis. To reach an ufg state, microstructural refinement 

processes such as severe plastic deformation (SPD) are commonly applied. Here, the 

high pressure torsion (HPT) deformation process [105–110] was utilized to break down 

the materials initial interface spacing from several microns to a few hundreds of nm. 

The refinement process happens under high hydrostatic pressure (~4 GPa) and 

elevated deformation temperature (200°C for Cr, 600°C for W). Samples were 

deformed in a quasi-constrained setup [105] between two anvils to prevent crack 

formation, especially for semi-brittle materials such as Cr and W. After HPT processing, 

a deformed disk as shown in Figure 5 was obtained, featuring a diameter of 30 mm 

and a thickness of 7 mm. An equivalent strain at a disk radius of 14 mm of 36000% 

(50 rotations, 0.4 rpm) and 7500% (5 rotations, 0.2 rpm) was achieved for Cr and W, 

respectively. 

On top of the HPT cross-section, the radius-dependent hardness is shown, 

exemplarily for ufg W (Figure 5). To achieve gradient-free sample volumes in 

macroscopic samples for testing (2 · 2 · 3 mm³ in size), specimens were cut out from 

a constant disk radius of 12-14 mm using electron discharge machining (EDM), as 

shown in Figure 5. Furthermore, a lamella-shaped sample was cut out of the disc to 

fabricate micromechanical test samples by subsequently using the FIB [77]. 

The grain size of the HPT deformed samples was determined using 

backscattered electrons (BSE) and electron backscattered diffraction (EBSD) imaging, 

as well as transmission electron microscopy (TEM) investigations (for Cr). The 

microstructures obtained by EBSD are shown in Figure 6a and b for ufg Cr and in 

Figure 6c and d for ufg W. The corresponding GB maps reveal a majority of large angle 

GBs (~87%) within the investigated metals. The average grain sizes were determined 

using area equivalent circle diameters resulting in 160 ± 51 nm and 480 ± 230 nm for 

Cr and W, respectively. For details see Publication A and Publication D. In both 

cases, grains are slightly elongated but no pronounced texture was observed. 
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Figure 5: Half of a HPT-deformed W disk with corresponding hardness map. EDM was used to cut a 

lamella (black – left side) from the HPT disk for FIB pillar preparation from a disk radius of 14 mm and 

several macroscopic compression samples from a radius range between 12 mm and 14 mm. The 

compression axis is the axial direction of the HPT sample. 

 

To facilitate comparison of macroscopic compression samples and the influence 

of interfaces in ufg samples, nanoindentation and pillar compression tests were 

performed and compared to the deformation behaviour of the single crystal situation. 

Therefore, sxx samples of Cr and W were aligned in either (100) or (110) crystal 

orientation to test multiple slip orientations. The hardness of the initial and the HPT 

deformed microstructures were analysed using nanoindentation and Vickers micro-

hardness testing. Results are summarized in Table 2. 

To further correlate and separate deformation mechanisms to contributions of a 

thermal stress component, dislocation mediated plasticity, crack nucleation and 

propagation, or diffusional processes, experiments were conducted over a wide range 

of relative temperatures. Therefore, the existing in-situ micro-testing device was 

equipped with a custom-built heating device to enlarge present temperature ranges 

and to perform micromechanical experiments at elevated temperature. 
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Figure 6: The microstructure of the investigated ufg material. EBSD images and corresponding grain 

boundary maps for ufg Cr (a, b) and ufg W (c, d). The average grain sizes were ~160 nm ± 51 nm and 

480 nm ± 230 nm for ufg Cr and W, respectively. In both cases, ~87% of grain boundaries are large 

angle grain boundaries. 

 
Table 2: Bulk hardness values of Cr and W obtained by nanoindentation and Vickers micro-hardness 

testing. 

Sample Method Hardness [GPa] 

sxx Cr (100) Nanoindentation 1.6 [72] 

as-received polycrystalline Cr (d~200 µm) Vickers 1.2 ± 0.04 

ufg Cr, r ~14 mm Vickers 4.4 ± 0.10 

ufg Cr, r ~12 mm Vickers 4.2 ± 0.10 

sxx W (110) Nanoindentation 5.0 ± 0.12 

as-received polycrystalline W (d~5 µm) Vickers 4.3 ± 0.18 

ufg W, r ~14 mm Nanoindentation 8.5 ± 0.36 
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5.2 Development of the heated in-situ micro-testing device 
One of the main goals of the thesis was to develop a custom-built heating 

equipment to fit on an existing in-situ micro-testing device which is located in an 

additional cap inside an SEM (Figure 7a). The present situation is as follows: The 

sample is mounted on a separately controlled stage (Figure 7b). The UNAT-SEM 

micro-indenter used for testing is shown in Figure 7c, already equipped with the 

heating device. Figure 7d displays details of heated parts in the SEM chamber. 

The development process of the heating device is described in detail in 

Publication C. The three main parts regarding development, namely material 

selection, temperature control and numerical simulation, and of course, in-situ testing 

at elevated temperature, are summarized below. 

 

 
Figure 7: Schematic of the present high temperature in-situ SEM testing setup. (a) Adapted SEM with 

cap (right) containing the micro-indenter and positioning stage. SEM stage (b) and micro-indenter (c), 

adapted with custom-built heating devices. Red arrows demonstrate available positioning axes. (d) 

Detailed schematic of heated parts inside the SEM chamber. The figure was reprinted from Publication 
C. 
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5.2.1 Material selection 

The heating device operates in vacuum atmosphere inside the SEM, hence 

material restrictions in terms of vapour pressure and magnetic properties need to be 

considered. Furthermore, if two individual materials get into contact at elevated 

temperatures, their service temperature, oxidation issues, chemical reactions, 

diffusional processes, and loss of strength and creep have to be carefully taken into 

account. The main advantage of performing micro-mechanical experiments in-situ in 

the SEM is the observation of detailed deformation mechanisms in confined test 

volumes. Therefore, focussing the electron beam on the sample is of major importance 

and issues regarding drift induced by electrical charging and/or thermal mismatches 

must be avoided. Additionally, high demand for minimized material volumes to enable 

localized heating to permit fast heating rates, as well as requirements regarding 

operational space inside the SEM have to be met. Once material properties of the 

indenter tip and the sample are balanced, issues in terms of an appropriate joining 

technology need to be examined. In the present case, indenter tips were glued to their 

holders by utilizing a ceramic adhesive. Thermocouples were brazed on the respective 

holders utilizing tin-free brazes and the lamella-shaped samples were clamped to the 

holder with Macor® ceramic screws (see Figure 7d and Publication C). 

Heating the sample and the indenter was achieved by forming Konstantan© 

filaments to coils which were looped around the holders to stay in contact with them. 

A dual-output DC power supply was connected with copper cables via signal-

feedthroughs to the vacuum chamber. The insulated cables transferred electrical 

energy to the resistively-heated coils that further transported heat to the sample and 

the indenter. 

 

5.2.2 Temperature control and numerical simulation 

Thermocouples were connected to a data logger that converted voltage into 

temperature. The data of the power supply and the recorded temperatures were 

controlled by a custom-coded LabVIEW® program which stores all datasets in a 

convertible text file. The LabVIEW® code is included digitally on the storage medium 

located at the end of the thesis. Temperature control was achieved using a PID 

feedback loop and desired temperatures up to 300°C were reached within 30 min. 

Once a stable temperature is reached, temperature matching is achieved by bringing 
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sample and indenter into contact and subsequently examining temperature shifts. By 

minimizing those temperature shifts, displacement drifts are corrected. Brazing 

thermocouples on micron-sized samples is challenging, and the real temperature at 

the contact will remain unknown. To avoid such inaccuracies, individual temperature 

calibration techniques are inevitable to determine and match contact temperatures 

[111]. 

For the first time, temperature calibration by using a finite element simulation 

approach was conducted in this thesis. 3D data which was recreated after the original 

parts was loaded into the finite element program Abaqus to conduct heat flow 

calculations. Convection within the vacuum chamber was neglected and characteristic 

radiation properties of each material as suggested in [112] were chosen. A constant 

direct current at the sample and the indenter side were used to reach constant 

temperatures at the thermocouples after heating times of 3600s. Beside separately 

heating sample and indenter in out-of-contact mode, simulations were conducted 

where sample and indenter were brought into contact (Figure 8), displaying 

equilibrated thermocouple temperatures (𝑇1
𝐼 equals 𝑇1

𝑆). At the contact point shown in 

detail in Figure 8b, large temperature gradients arose. They introduced displacement 

drifts that need to be minimized before conducting an experiment. 

 

 
Figure 8: Although the thermocouples 𝑇1

𝑆 and 𝑇1
𝐼 are at the same temperature (a), a large temperature 

gradient resulting in thermal drift occurs when bringing sample and indenter in contact. (b) Detailed view 

of the contact situation revealing a large temperature gradient. (c) and (d) indicate local temperature 

distribution and positions of the temperature measurement. The influence of varying specimen material 

on temperature gradients is shown in (e). 



Summary of the performed work 

 
37 

 

To underline the importance of temperature calibration, the tested specimen 

material was varied and temperature gradients were analysed as demonstrated in 

Figure 8c. 𝑇2
𝑆 and 𝑇3

𝑆 indicate individual positions of temperature measurement on the 

specimen fixation and directly at the pillar. 

By heating different specimens with different thermal conductivity such as Cu, W 

or Si, it became evident that samples with high thermal conductivity alike Cu allow 

lower temperature gradients compared to W or Si (Figure 8d). Finally, the simulated 

temperature mismatch between thermocouple and sample is balanced in terms of 

heating atop the thermocouple temperature to achieve the desired sample 

temperatures. Nonetheless, it is concluded that beside geometrical issues regarding 

sample and holders, thermal properties strongly influence the temperature distribution. 

It is noteworthy that for different materials unique temperature gradients arise. 

Therefore, new simulation approaches are necessary to predict individual temperature 

gradients. Further details of temperature calibration are discussed in Publication C. 

 

5.2.3 Conducting experiments at elevated temperature 

Beside numerous in-situ and ex-situ experiments at RT on Cr and W, micro-pillar 

compression tests and notched cantilever fracture experiments were conducted on sxx 

and ufg Cr at elevated temperature (see Figure 9) by utilizing the heating device to 

demonstrate its functionality and to further investigate thermally activated deformation 

behaviour. 

Figure 9a shows engineering stress-strain curves of 2 µm sized sxx and ufg Cr 

pillars obtained at various strain-rates at RT, while Figure 9b shows engineering 

stress-strain curves of 4 µm sized pillars recorded at 230°C. Related nanoindentation 

hardness data obtained using a Berkovich indenter (imposes ~8% plastic strain) are 

included as horizontal lines at the respective temperatures. Comparison of stress-

strain data between RT and 230°C reveals decreased flow stresses for sxx and ufg 

pillars, and a diminishing work hardening for the pillars at elevated temperature. 

Figure 9c displays the stress-strain response of macroscopic ufg samples tested at a 

constant strain-rate of 3 · 10-3 s-1 at different temperatures. The flow stress decreases 

with increasing temperature, and the strain hardening behaviour is less pronounced at 

elevated temperatures, in accordance with the micro-pillar data. Figure 9d presents 

bending stress vs. displacement curves of cantilever fracture experiments performed 
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on ufg Cr at RT (black) and 230°C (red). Yield stresses of uniaxial deformed samples 

(1100 MPa at RT and 950 MPa at 230°C) and cantilever fracture experiments 

(1130 MPa at RT and 910 MPa at 230°C) indicate comparable plastic limits obtained 

by different testing techniques on ufg Cr. 

 

 
Figure 9: Engineering stress-strain curves obtained by (a, b) in-situ micro-pillar compression, (c) ex-situ 

macroscopic compression experiments and (d) in-situ cantilever fracture experiments of sxx and ufg Cr 

compared at RT and elevated temperature. 

 

Elevated temperature data obtained on sxx and ufg Cr were used to study 

apparent deformation mechanisms. Additionally, the contribution of GB’s and the 

material dependent friction stress was examined. Moreover, the specimen size was 

varied over several length-scales to investigate a possible interplay of sample size and 

grain size. Thus, the contribution of the present interface spacing and free surfaces to 

specific strength scaling behaviour in ufg Cr and W were discussed in detail in 

Publication A and Publication D. Results and a material independent mechanistic 

description of the strength scaling behaviour incorporating the lattice friction stress, 
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strain hardening, Hall-Petch strengthening and a source-controlled strength are 

summarized below. 

 

5.3 How grain boundaries and free surfaces alter the strength of miniaturized 
specimens 

Besides performing macroscopic compression experiments and nanoindentation 

tests utilizing a Cube Corner and a Berkovich indenter, non-tapered rectangular pillars 

in the size range between ~150 nm and ~5 µm and an aspect ratio of 3:1 were milled 

for sxx and ufg Cr and W utilizing a dual-beam SEM-FIB workstation. Displacement-

controlled tests were conducted at constant displacement rates that were adapted to 

the pillar geometry in order to reach a constant nominal strain rate of 3 · 10-3 s-1, 

thereby excluding strain rate influences.  

Figure 10a and b display engineering stress-strain curves of sxx and ufg Cr, 

respectively. The data for the bulk yield stress (0.02% plastic strain) of sxx Cr in (100) 

orientation is reported from tensile tests by Sameljuk et al. [113] as ~290 MPa, a much 

lower value as observed for present samples. This difference is attributed to incipient 

effects on sample size, as well as the large amount of strain hardening between the 

yield stress and an engineering strain of ~8%. For pillars larger than 2 µm, the stress-

strain curves show reasonably continuous plastic deformation with occasional burst 

events, while for smaller samples pronounced load drops occur. At pillar sizes below 

~1 µm serrated flow is evident and load drops are observed. 

Nanoindentation tests on ufg Cr utilizing a Berkovich indenter resulted in a 

strength of ~2050 MPa. Bulk compression samples and pillars with diameters of 4 µm 

show comparable yield strengths of ~2000 MPa and continuous plastic deformation. 

However, alignment of bulk samples was hindered due to lower stiffness of the 

compression equipment, resulting in a sample misalignment of ~1°. Therefore, the 

elastic loading stiffness of bulk samples is reduced and not comparable with pillar 

compression experiments. 
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Figure 10: Representative engineering stress-strain curves of sxx Cr (a), ufg Cr (b), sxx W (c) and ufg 

W (d). While for the sxx case the strength generally increases with decreasing sample size, interfaces 

contribute to a somewhat controversial strength scaling behaviour in ufg Cr (b) and ufg W (d). 

 

In the case of decreasing pillar diameters, the yield strength of ufg Cr pillars 

increase slightly. The stress-strain curves show features comparable to those in sxx 

samples, for instance, serrations and load drops for the same experimental setup. 

Figure 10c and d show engineering stress-strain curves of (100) oriented sxx and 

ufg W, respectively. In both cases large samples show continuous flow curves. 

Generally, sxx W pillars deform comparably to sxx Cr pillars. A contrary behaviour was 

observed for ufg W samples (Figure 10d), where flow stresses decrease with 

decreasing sample sizes. At sample diameters of ~3 µm, first serrations in the stress-

strain curves were observed. Further decreasing the sample size led to an apparent 

increase of flow stress values and pronounced load drops were detected, comparable 

to small sxx Cr and W samples. The gap in flow stress values between sxx and ufg Cr 

and W results from microstructural refinement according to Hall and Petch [75,76]. 
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Estimation of a yield stress value, for example, for W using a friction stress of 345 MPa 

[38], a mean grain size of 480 nm and a Hall-Petch coefficient of 1.86 MPam-1/2 [95] 

resulted in ~3000 MPa, in close agreement with ufg W bulk data obtained from 

macroscopic compression tests and nanoindentation data. 

Individual stress values were obtained using different indenter tip geometries. 

The gap between stress values of Berkovich and cube corner indenters was explained 

by a varying apex angle of the used tip. Moreover, varying capabilities of strain 

hardening are examined which directly affect the stress level [95]. 

Figure 11 presents post deformation SEM images (a-e) and corresponding cross 

sections (f-j) of various ufg W samples. Here, the sample size decreases accordingly 

to the presented alphabetic order. 

 

 
Figure 11: Post-compression SEM images (a-e) and corresponding cross sections (f-j) of various ufg W 

samples. The white arrow indicates decohesion at a grain boundary triple junction while the green arrow 

marks an observed slip step within the smallest pillar. 

 

In macroscopic bulk samples, as exemplarily shown for a sample deformed at RT 

in Figure 11a, crack initiation and growth was observed up to 450°C. By overcoming 

that temperature, plastic deformation without crack initiation and propagation was 

noted. Figure 11b shows a residual Berkovich indent and Figure 11c-e display ufg 

pillars of various sizes, where in Figure 11c the sample size is larger than the grain 

size. In Figure 11d the sample size equals the grain size and Figure 11e demonstrates 
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sxx deformation in submicron-sized ufg pillars, where the sample size in the present 

case was smaller than the grain size. The cross section in Figure 11f reveals 

intercrystalline failure at GBs, which is commonly obserrved for ufg W [104,114]. 

Figure 11g and h display a cross section and a detailed view of the grain interior of the 

pillar shown in Figure 11c. The white arrow indicates decohesion and failure at GB 

triple points, which was observed through all ufg W samples at low temperatures. 

Figure 11i and j represent cross sections of pillars shown in Figure 11d and e. Once 

the sample size is reduced to the average grain size (Figure 11i) or below (Figure 11j) 

the probability for crack nucleation at GB junctions decreases. Pronounced plasticity 

is observed for the smallest pillar (300 nm, Figure 11j) and sxx-like slip steps, indicated 

by the green arrow are visible. 

To discuss the observed deformation behaviour over several length-scales, flow 

stresses at 8% plastic strain are plotted either against the sample diameter (Figure 12a 

for Cr) or the plastically deformed volume of individual experiments in Figure 12b for 

W. 8% plastic strain were chosen to allow comparison with hardness tests performed 

utilizing a Berkovich indenter and to include the strain hardening behaviour within the 

first few percent of deformation to be comparable with previous bcc studies 

[13,14,28,31]. 

 

 
Figure 12: Schematic of the obtained strength scaling behaviour in Cr (a) and W (b). All data points 

display stress values at 8% plastic strain. (a) The red (sxx), green (annealed ufg) and blue (ufg) lines 

reproduce the observed trends in strength scaling behaviour. (b) The strength scaling behaviour of sxx 

W is plotted in black, while ufg data is marked by three different colours, indicating three different 

regimes. Dashed lines refer to the mechanistic description of the strength scaling behaviour.  
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In Figure 12a, horizontal lines represent bulk strengths obtained by 

nanoindentation. The slopes of linear fits give the power-law scaling exponents, which 

are 0.43 ± 0.03 and 0.10 ± 0.02 for sxx and ufg Cr, respectively. Even though the 

scaling behaviour of sxx bcc metals is well investigated, Cr has not been examined so 

far. Thus, it is interesting to note that this value fits well into the concept of Schneider 

et. al. [13], where the power-law exponent was plotted against the relative critical 

temperature (~0.68 · Tc for Cr) predicting a power-law scaling exponent of ~0.41. 

In the case of ufg Cr pillars, the slope decreases due to the presence of GBs and 

higher dislocation densities which stem from HPT processing. Still, a slight scaling 

exponent is observed. The point of intersection of the two fit lines indicates the 

transition to sxx behaviour. It occurs at a pillar size of ~150 nm, which is in good 

agreement with the grain size of the material (~160 nm). Error bars in both diagrams 

result from uncertainties of determining the cross sections and the noise of the indenter 

load without contact as a worst case limit. 

To test whether larger grain sizes would modify the observed scaling behaviour 

in ufg Cr, an annealing approach at 165°C (0.2 · Tm) was conducted for 1h utilizing the 

custom-built heating device past the sample fabrication but prior to testing. Results are 

shown as green data points in Figure 12a. Obviously, almost no change of the strength 

scaling exponent was observed, even though the strength of the tested material was 

slightly reduced. This was caused by a slightly larger average grain size due to 

thermally induced grain growth. In fact, extending the fit line to intersect with the sxx 

case would result in a grain size of ~220 nm. Moreover, the annealing approach might 

serves as a proof that a possible effect of FIB damage [78,80,115] did not affect the 

scaling behaviour, as FIB damage was shown to be minimized by an annealing 

treatment at 0.6 · Tm after sample preparation [79]. 

To discuss the strength scaling behaviour in terms of a plastically deformed 

sample volume of individual sample geometries as shown for W in Figure 12b, the 

calculation of sample volumes must be clarified. For uniaxial compression tests, the 

sample volume was considered by taking the sample’s base area and its height into 

account. Considering the individual indents, a simplified hemispheric plastic zone after 

penetration to maximum displacement subtracted by the volume of the residual indent 

was calculated. The black guideline through sxx W data demonstrates its strength 

scaling behaviour, which is ~0.21 ± 0.02 for the (100) orientation, in agreement with 
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literature data [13,15,20,28,38,39]. Moreover, literature data as well as present results 

indicate that strain hardening does not affect the strength scaling behaviour (see 

Publication D). 

The ufg W data in Figure 12b is separated into 3 different regimes. Red, orange 

and green symbols indicate bulk behaviour, a transition regime where the sample size 

is in the order of the grain size, and ufg W pillars that deform alike sxx W pillars, 

respectively. Ufg bulk W samples reveal the highest flow stress levels. By decreasing 

the plastically deformed volume, flow stresses begin to decrease until the transition 

regime in Figure 12b is reached (orange). Here, pillars deform without crack initiation, 

and upon further reducing the sample dimension, sxx deformation behaviour is evident. 

However, decreasing flow stress values are explained by an increasing importance of 

free surfaces in decreasing sample volumes. In ~500 nm sized grains, dislocation 

debris developed from the initial HPT deformation process, remain in the grain interior. 

During plastic deformation, dislocations pile-up at GBs within the sample volume 

[23,116]. In grains located at free surfaces, dislocation debris easily exit the pillar 

surface and therefore lower their flow stress . With decreasing sample size the relative 

fraction of surface grains notably rises, hence stress values decrease until the sample 

size approaches the grain size and source-controlled strengthening [26] dominates the 

deformation. Notably, the point of intersection of the drawn guidelines of sxx and ufg 

W in Figure 12b correlates well with the grain size of the present sample, as shown 

before for ufg Cr. 

 

5.3.1 Mechanistic description of the strength scaling behaviour 

To derive a thorough mechanism-based understanding of the observed strength 

scaling behaviour, all contributions to strengthening (thermal and athermal) such as 

intrinsic lattice friction (τ*), Taylor-hardening (τG), a source-controlled strength (τS) and 

GB strengthening (τH-P) were considered to reflect the resolved shear strength of pillars 

[26,38,117,118]: 

 

𝜏𝑠𝑢𝑚 = 𝜎 ∙ 𝑚𝑠 = 𝜏∗ + 𝜏𝑎 = 𝜏∗ + 𝜏𝐺 + 𝜏𝑆 + 𝜏ℎ−𝑝.   (5) 
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Zou et al. [117] suggested the following terms to address those: 

 

      𝜏𝑠𝑢𝑚 = 𝜏∗ + 𝛼 ∙ 𝑏 ∙ 𝐺 ∙ √𝜌 + 𝐾 ∙ 𝐺 ∙
ln(

�̅�

𝑏
)

�̅�

𝑏

+ 𝑚𝑠 ∙ 𝑘𝐻−𝑃 ∙ 𝑑−
1

2  (6) 

 

where α = 0.5 is a constant, ρ is the dislocation density, K = 0.5 is the source 

strengthening constant, �̅� is the average source length, ms is the Schmid factor (0.47 

for slip on (112) oriented planes) and d is the grain size. All other constants are 

described in Table 1. �̅� was chosen to be the half pillar diameter (D/2) in the sxx case 

[26]. Equation (6) describes the strength scaling behaviour for sxx samples in a 

sufficient manner, as shown in Figure 12a and b. By utilizing a dislocation density of 

9 · 1013 m-2 for sxx Cr and W, close agreement between experiments and the 

mechanistic model was found. 

To describe the strength scaling behaviour of ufg samples, an adaption of 

equation (5) was necessary, as the contribution of the yield strength of surface grains 

to the overall yield strength varies with respect to the present grain size. In particular, 

grains located at the free-surface in ufg Cr pillars were determined to be stronger 

compared to the pillar interior. No substructure formation is possible due to the small 

grain size leading to a constraint for dislocations. Grain boundaries further act as sinks 

and sources for dislocations. To consider that case, the estimated grain size was taken 

into account for calculations for ufg Cr. To consider possible substructure formation in 

~500 nm grained ufg W, one third of the grain size (d/3) was taken for ufg W pillars 

[119]. As described earlier by Yang et al. [23] equation (5) is rewritten as followed: 

 

     𝜎𝑠𝑢𝑚 = 𝜎𝑠 ∙ 𝑓𝑠 + 𝜎𝑖 ∙ (1 − 𝑓𝑠),    (7) 

 

where σs and σi are the flow stresses of surface and internal grains, respectively, and 

fs is stated as the fraction of surface grains. fs is approximated by  

 

𝑓𝑠 = 4 ∙
𝛼

𝑟
∙ (1 −

𝛼

𝑟
),     (8) 
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with α = s/d and r = D/d. s describes the thickness of the surface zone affected by the 

free surface and D is the pillar diameter. The flow stress of near-surface grains is 

considered to be the flow stress of an sxx pillar, where D equals d, since in both cases 

it is thought that dislocations exit on free surfaces. The flow stress considered for 

internal grains was calculated using  

 

𝜎𝑖 = (𝜏∗ + 𝜏𝐺 + 𝜏𝐻−𝑃) ∙
1

𝑀
,     (9) 

 

where M = 2.9 is the average Taylor factor for slip on (112) oriented slip planes [120]. 

Combining equations (6), (8) and (9) with equation (7) results in a mechanistic model 

which describes the strength scaling behaviour of sxx and ufg pillars in a sufficient 

manner: 

 

𝜎𝑠𝑢𝑚 = [(𝜏∗ + 𝜏𝐺 + 𝜏𝑆) ∙
1

𝑚𝑆
] ∙ 𝑓𝑠 + [(𝜏∗ + 𝜏𝐺 + 𝜏𝐻−𝑃) ∙

1

𝑀
] ∙ (1 − 𝑓𝑠)  (10) 

 

The dashed lines in Figure 12a and b reveal agreement with experimental results. 

However, such agreement is only achieved if a detailed knowledge of the 

microstructure is given. 

Taking post compression SEM images (Figure 11) and mechanical data 

(Figure 12) into account, still, several mechanisms might have contributed to the 

overall deformation. However, the current mechanistic model was derived on the basis 

of dislocation-mediated plasticity, indicating that dislocation plasticity-based 

mechanisms instead of crack nucleation, decohesion processes or diffusion-based 

mechanisms such as GB sliding [121,122] mainly alter the deformation behaviour. 

 

5.4 Thermally activated deformation processes in ufg Cr and W 
To further justify apparent deformation mechanisms responsible for the individual 

strength scaling behaviour, thermally activated deformation mechanisms in Cr and W 

were identified and discussed in Publication B and Publication D based on rate- and 

temperature-dependent properties, such as strain-rate sensitivity (m) and activation 

volume (𝜈). The obtained results are summarized below and 3D strain-rate sensitivity 

and activation volume maps are proposed. 
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To calculate m- and 𝜈-values from present experimental data and to facilitate 

comparison between sxx and ufg Cr and W, equations (1) and (2) were utilized. 

Comparable experiments in terms of various length-scales and stress states were 

conducted on Cr and W, and the obtained m- and 𝜈-values were plotted as function of 

a relative test temperature (Ttest/Tc) to compare bcc metals exhibiting individual thermal 

stress components. Results are illustrated in Figure 13. 

At low relative temperatures m-values for sxx Cr and W are ~0.02 and ~0.03, 

respectively, as shown in Figure 13a. First, an increase of m is notable until peak m-

values of ~0.07 are reached at Ttest/Tc = 0.65. Approaching and overcoming Tc, thermal 

activation eases the movement of kink pairs until m-values in the order of 10-3 are 

reached, as common for low Peierls potential materials such as fcc metals. Here, 

deformation is not governed by thermal activation of screw dislocations anymore. This 

behaviour is in good accordance with other studies [15,16,35], showing that 

overcoming Tc the thermally activated component diminishes. 

 
Figure 13: Evolution of strain-rate sensitivity m (a) and activation volume 𝜈 (b) with relative temperature 

to compare sxx and ufg Cr and W. The grey-shaded area indicates the range of the critical temperature 

Tc. 

 



  Summary of the performed work 

 
48 

 

Contrarily to that, the general trend for ufg samples is significantly different from 

the sxx state. m-values for ufg counterparts are found to be ~0.025 at low 

temperatures. Upon thermal activation, m-values further decrease to ~0.015 before Tc 

is approached. This is attributed to increasing thermal activation, while dislocation 

interaction with GBs remains mostly unaffected at low temperatures. The generally 

reduced m for ufg samples compared to the sxx state at Ttest/Tc = 0.65 is attributed to 

the higher athermal stress component in ufg states (see Figure 3). Overcoming Tc, m 

increases continuously with temperature. According to [41,72], this is mainly attributed 

to dislocation interactions with GBs, as described also for ufg fcc metals [47,123]. An 

additional contribution to the increase of m could stem from the reduction of the 

athermal stress contribution due to slight grain coarsening. Thus, the overall m is a 

mixture of both, thermally activated dislocation-GB interactions and thermally activated 

grain coarsening. Notably, while the first contribution leads to an increasing m, the 

second one acts against it. However, the obtained results are in good agreement with 

results on sxx [72] and cg Cr [73], hence no major impact of grain coarsening is 

expected. 

The mechanisms based on the varying microstructures are shown in Figure 13b, 

where corresponding 𝜈-values are plotted vs. Ttest/Tc. To compare activation volumes, 

they are normalized by the Burgers vector (for values see Table 1) of the respective 

metal and expressed in multiples of b³. At low temperatures, 𝜈-values of 4-7 b³ were 

calculated for sxx Cr and W. Those values are attributed to the kink pair mechanism 

[35], where dislocation segments involved in formation of a double kink need to 

overcome the next Peierls potential [14,66]. Comparable 𝜈 for uniaxial bulk data have 

been already reported by Glebovsky and Brunner [124], Wu et al. [66], Wei et al. [51], 

Kim et al. [20] and Schneider et al. [14] for sxx W, nc Cr, ufg Fe and sxx Mo, 

respectively. 𝜈 seems to remain constant in sxx Cr until Ttest/Tc = 0.5. Here, thermal 

activation of kinks might be hindered by interstitial atoms. This idea is verified by a 

pronounced yield strength observed in tensile stress-strain data [73], which was the 

base for calculated activation volumes. At low temperatures, the impurity concentration 

seems to alter apparent deformation mechanisms. Additionally, m- and 𝜈-values from 

[73] were calculated at the lower yield point, while nanoindentation data and test data 

obtained from compression experiments were evaluated at ~8% plastic strain. By 

further increasing the temperature, the movement of kink pairs is eased due to thermal 
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activation, indicated by an increase of the activation volume. Overcoming Tc gives 𝜈-

values of ~200 b³ for sxx Cr, indicative for dislocation-dislocation interactions, a 

common mechanism observed in fcc metals [46]. 

In ufg Cr and W the activation volume increases at relative low temperatures 

comparably to the sxx states. However, upon passing Tc, 𝜈-values remain rather 

constant at ~20 b³ independent of testing technique and stress state. This behaviour 

is indicative for dislocation-GB interactions at elevated temperature in the ufg states. 

Despite the vastly different surface-to-volume ratios probed by the different 

experiments, different length-scales and stress states, it can be concluded that the 

observed deformation mechanisms are governed mainly by dislocation-based 

plasticity. Moreover, the same mechanisms are present in Cr and W, as comparable 

m- and 𝜈-values were determined. 

To interpret the varying deformation mechanisms in fcc and bcc metals in terms 

of dislocation-mediated plasticity with respect to a varying microstructure, a basic fcc 

model established by Conrad [47] was considered: 

 

       
1

𝜈
=

1

𝜈∗ +
𝑀2∙𝐺∙𝑏

𝛼∙2∙𝜋∙𝐾𝐻−𝑃∙𝑑1 2⁄ ∙
1

𝜈𝑎𝑡ℎ
,    (11) 

 

where the constant α = 0.36. 𝜈* is the activation volume related to thermal activation 

(see equation (2)) and 𝜈ath was set as a constant activation volume related to athermal 

dislocation emission from a GB at constant temperature. 𝜈* varies with temperature, as 

the lattice friction stress diminishes with increasing thermal activation. The Conrad 

model was extended by Wu et al. [66] to estimate apparent m- and 𝜈-values for 

polycrystalline aggregates, using 

 

𝜈𝑎𝑡ℎ = 𝜉 ∙ 𝑑 ∙ 𝑏2,     (12) 

 

where ξ is a grain shape coefficient which is constant for a certain temperature. Except 

equation (12), no further modifications of the fcc model were applied, as Conrad [47] 

already implemented a thermal stress component in the model to derive thermal 

activation volumes (𝜈*). Results obtained by Wu et al. [66] show that m-values of Cr 

and Fe at RT can be correctly predicted over a wide range of varying grain sizes, as 



  Summary of the performed work 

 
50 

 

both, the friction stress (thermal) and dislocation interaction with GB’s (athermal) 

contribute to the overall deformation. In the present case, ξ is temperature-dependent, 

as the aspect ratio of initially elongated grains decreased with increasing temperature. 

Additionally, the grain size slightly increased as experiments were performed at 

elevated temperature. To verify microstructural changes during heating up the sample 

or compression experiments, an annealing approach was conducted on ufg Cr 

samples, which is discussed in detail in Publication B. In Figure 13, the dashed lines 

demonstrate the suitability of the modified equations. The grey dashed area gives the 

error resulting from the standard deviation of the grain size estimation. By taking into 

account grain shape coefficients ranging from 0.025 (equiaxed grain shape) to 0.003 

(elongated grain structure) the model fits the increasing m- and υ-values at elevated 

temperatures well. 

Beside the examination of deformation mechanisms in constant sample volumes, 

a variation of strain-rate sensitivity is expected in terms of variable interface fractions 

within the tested sample volumes, as already shown for fcc Cu pillars [49].  

To identify a possible influence of interfaces, the number of grains across the 

plastic volume (magenta dashed line) and the fraction of grains which are affected by 

the sample surface (green dashed line) were calculated for different sample 

geometries during uniaxial and multiaxial testing. Therefore, grains were estimated to 

be of cylindrical shape with an aspect ratio of 3:1, typical for HPT deformation 

[105,125]. For rectangular-shaped samples an equivalent cylindrical sample diameter 

L was calculated (see Figure 14a). The number of grains contained in the plastic 

volume was estimated by calculating the sample volume and dividing by the before 

mentioned cylindrical-shaped grain volume. The fraction of grains affected by the 

sample surface was estimated using the specimen’s surface area (red) subtracted by 

the top and bottom faces which are in direct contact with the flat punch indenter and 

the bulk material (grey). This lateral area was divided by the average cross-sectional 

area of a single grain. Considering the different indents illustrated in Figure 14b, a 

simplified hemispheric plastic zone [94] after penetration to 2500 nm was taken into 

account for estimating the number of deformed grains per volume. The volume of the 

residual imprint was therefore subtracted from the hemispheric plastic zone. The 

remaining volume was further divided by the volume of a single grain. To consider the 

surface connectivity of grains, the base area of the hemispheric plastic zone (red) was 
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subtracted by the triangle-shaped surface area of the residual imprints (grey) and 

divided by the average cross-sectional area of a single grain. 

 

 
Figure 14: Schematic of (a) compression samples and (b) residual imprints to illustrate the calculated 

number of grains in the plastic volume and fraction of grains which are affected by the sample surface 

(red). 

 

The impact of different surface-to-volume ratios and the number of involved 

interfaces on the determined m-values was examined in Publication B for Cr and is 

illustrated in Figure 15. 

Based on this, a comparison of m-values (black), number of interfaces across the 

plastic volume (magenta), and fraction of surface-connected grains (green) is 

presented in Figure 15 as a function of the ratio between grain size vs. sample size 

d/L. Furthermore, the error bars indicate the resultant error which was derived by taking 

the standard deviation upon grain size estimation into account (d=160 ± 51 nm for ufg 

Cr). Also shown are representative stress-strain curves of micro-pillars with varying 

interface fractions (I-IV). 

The grey area in Figure 15 indicates the macroscopic regime, where the sample 

size is much larger than the grain size. Only a diminishing fraction of grains is located 

directly at the sample surface, and no influence of near-surface grains is observed 

during deformation. Overcoming a d/L ratio of ~0.02, the amount of surface-affected 

grains increases drastically. In this regime, indicated by the red shaded area, grains 
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noticeably emerge from the sample surface and affect the deformation behaviour. 

Moreover, in this regime a varying interface fraction and an increasing contribution of 

free surfaces, as described in section 5.3, significantly alter the strength scaling 

behaviour. Overcoming d/L values of ~0.1, ~50% of the grains are connected with the 

surface, and the grain size approaches the size of the plastic zone. For these states, 

an sxx-like deformation behaviour is expected (cyan shaded area) and the thickness 

of the surface-affected zone (see equation (8)) approaches the sample size. Notably, 

due to pillar aspect ratios of 3:1 and the used representative grain diameter in this 

simplified model, a fully sxx sample volume is statistically reached for d/L ratios larger 

than 1.33. Below this, individual GBs might affect the plastic behaviour [3–6]. However, 

as long as crystallographic slip traces reveal no intersections with GBs or other internal 

obstacles [125], dislocations can glide through the crystal and exit on the pillar surface, 

corresponding to slip events in sxx pillars. Such characteristics are evident in 

representative engineering stress-strain curves of small ufg Cr pillars (Figure 15, II-IV), 

where serrations and load drops are commonly observed. 

For macroscopic experiments, a smooth flow behaviour (Figure 15, I), due to the 

large number of grains in the sample volume, and m-values of ~0.02 are observed. By 

increasing the fraction of surface grains a slight decrease of m to ~0.014 is observed 

and serrated flow arises in the stress-strain curves (Figure 15, II and III). This is 

explained by slip events in individual grains. The scatter within evaluated m-values for 

such pillar sizes is quite large compared to bulk or sxx Cr samples, because 

deformation is strongly affected by the local microstructure and crystal orientation. 

Further increasing d/L ratios leads to a decreased scatter regarding m, as the 

probability for dislocations interacting with individual GBs is decreased, until m of sxx 

bulk Cr samples and corresponding stress-strain curves (Figure 15 IV) are obtained. 

While m- and 𝜈-values for fcc and bcc metals were intensively examined to 

correlate apparent deformation mechanisms with a varying microstructure (see 

Figure 2), it is now possible to correlate them to thermally activated deformation 

mechanisms. 3D surface contour plots of m- and 𝜈-values were generated by 

processing the obtained data in this thesis from Figure 13 and Figure 15. They are 

plotted vs. a relative temperature (Ttest/Tc) in Figure 16. Moreover, they were extended 

by the number of interfaces within the sample volumes.  
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Figure 15: Strain-rate sensitivity m (black), number of grains in the plastic volume (magenta) and 

corresponding connectivity of surface grains (green), dependent on sample size-normalized 

characteristic dimension d/L for Cr samples. The red-shaded area shows a transition zone where the 

free surface alters the deformation process. I) – IV) Corresponding stress-strain curves of pillars 

indicated. The figure was modified and reprinted from Publication B. 

 

Surface contour plots based on equations (11) and (12) and a corresponding 

colour code reveal apparent m- and 𝜈-values for an individual number of interfaces 

within the sample. The indicated cuts at a constant number of interfaces (Cut 1 and 

Cut 2) refer to apparent deformation mechanisms for the sxx and the ufg state as 

demonstrated in Figure 13. Cut 3 in Figure 16a illustrates individual m-values obtained 

at a constant relative temperature, as comparatively shown in Figure 15. A maximum 

in m is either achieved by increasing the thermal stress contribution in the bcc single 

crystal state at rather low temperatures or by integrating a certain number of grain 
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boundaries at elevated temperatures. The lowest m-values and hence a maximum in 

activation volume might only be achieved above Tc, where m- and 𝜈-values typical for 

fcc deformation behaviour are present. 

 

 
Figure 16: Surface contour plots and corresponding colour codes for obtained (a) strain-rate sensitivity 

and (b) activation volume values vs. a relative temperature and number of interfaces contained within a 

sample. 
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6. Conclusion 
A custom-built heating device consisting of independently resistive-heated 

sample and indenter parts was developed to determine apparent deformation 

mechanisms in sxx and ufg bcc metals. Temperatures ranging from RT up to 300°C 

were achieved and, for the first time, comprehensive temperature calibration was 

obtained by applying a finite element simulation approach. Results underline the 

importance of temperature calibration and exact temperature matching to minimize 

thermal drift. Finally, pillar compression and cantilever fracture experiments were 

conducted at elevated temperature to show assets of the utilized heating tool. 

 

Various experiments were conducted on sxx and ufg Cr and W samples, which 

served as bcc model materials. By varying the sample size over several length-scales, 

the interaction between internal microstructure and external sample dimension was 

investigated. A strength scaling exponent of 0.43 ± 0.03 for single crystalline chromium 

was obtained which fits to the model of Schneider et al. [13]. The strength scaling 

behaviour obtained for ufg Cr and W samples was compared. In all ufg samples 

investigated, interfaces were identified mainly as large angle grain boundaries. The 

interface-dominated strength scaling behaviour was attributed to an increasing 

influence of free surfaces at small-scales. The demonstrated interplay with the present 

grain size provided a novel view on the strength scaling behaviour in ufg bcc pillars, 

which was also successfully modelled based on dislocation-mediated plasticity within 

this work. Three main findings can be summarized: 

 If the grain size is large enough to allow dislocation debris remaining in the 

grain interior, a reduced strength with decreasing sample dimension is 

expected. Then the grains influenced by free surfaces show reduced flow 

stress values compared to inner grains. The decrease in strength with 

decreasing sample size ends when approaching the single crystal state, as 

shown for ufg W samples. 

 As the grain size approaches the substructure size no pronounced strength 

scaling behaviour is expected. Experiments conducted over several length-

scales result in identical stress values until the single crystal state is realized. 

 If the grain size is reduced and dislocation debris in the grain interior are not 

available, the grain boundaries remain as sinks and sources for dislocations. 
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Here, grains near free surfaces show enhanced strength compared to grains 

in the sample interior. Dislocation nucleation within the grain and subsequent 

escape on the free surface would require larger stresses. A strength scaling 

behaviour where smaller is stronger, as shown for ufg Cr will be observed upon 

approaching the single crystal state. 

 

To allow a more detailed insight into apparent thermally activated deformation 

mechanisms, the mechanical behaviour of sxx and ufg bcc Cr and W was examined in 

terms of rate- and temperature-dependent experiments over several length-scales and 

stress states. Uniaxial pillar compression experiments, multiaxial advanced 

nanoindentation tests and macroscopic compression experiments were conducted and 

a model was successfully applied to predict strain-rate sensitivity and activation volume 

values. The main findings are the following: 

 Different uniaxial and multiaxial testing techniques allow comparison of flow 

characteristics and thermally activated deformation mechanisms. In the 

investigated model materials Cr and W, the same deformation mechanisms 

are dominant. 

 Deformation of single-crystalline samples is dominated by the Peierls potential 

and a potentially present impurity trace up to the critical temperature Tc. 

Overcoming this temperature, the thermally activated component of the flow 

stress diminishes and a strain-rate insensitive behaviour accompanied by 

further increasing activation volumes is observed. 

 At low temperatures ufg samples deform by the thermally activated motion of 

screw dislocations. The thermal stress contribution decreases with increasing 

temperature and leads to a slight reduction of the strain-rate sensitivity. 

Exceeding Tc, constant activation volumes and increasing strain-rate 

sensitivity are indicative for dislocation-GB interactions as the dominant 

deformation mechanism. Grain coarsening due to annealing and a change in 

grain aspect ratio lead to a slight decrease of the activation volume, especially 

at elevated temperatures. Grain boundary sliding has not been observed. 

 A transition in strain-rate sensitivity is observed from a polycrystalline 

behaviour to an sxx situation, which is controlled by the number of interfaces 

in the tested volume. The strength scaling behaviour of ufg samples is clearly 
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affected by free surfaces, which is also of concern for examining rate-

dependent deformation behaviour.  

 

Suggestions to further improve the heated in-situ micro-testing device: 

To enhance the performance of the heating device, the number of turns of the 

filament coil could be increased and a filament material offering an enhanced melting 

point and heat capacity might be utilized. For sufficient insulation of the micro-tester 

hardware and to further reduce thermal drift, the volume of spacers and their design 

might be improved. Filament coils should be moulded, for example, in ceramic 

adhesives to ease their installation process. Once temperatures above 300°C are 

achieved, a cooling system to minimize the heated volume and to further reduce drift 

issues should be installed. 

 

To conclude, the achieved results within this thesis vitally contribute to the 

knowledge on the less understood deformation behaviour of bcc metals. Improvements 

in terms of modelling the microstructure-dependent strength scaling behaviour and the 

apparent deformation mechanisms in ufg bcc structures will help to push the 

development of small-scale micro-mechanical devices to new limits. 
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A - Abstract 
To gain insights into the influence of the microstructure on the strengthening 

behaviour in confined volumes, single crystalline (sxx) and ultrafine-grained (ufg) Cr 

micropillars were investigated using in-situ scanning electron microscope 

microcompression tests. Post-compression images of the sxx pillars indicate 

crystallographic slip, while the ufg pillars reveal a bulk-like deformation behaviour and 

an emergence of grains from the sample surface. Stress-strain curves of sxx samples 

show intermittent flow and a scaling behaviour agreeing well with other bcc metals 

investigated previously. Also for ufg samples a size-dependent strength with a reduced 

but non-negligible scaling exponent is determined. This latter ufg size effect contributes 

to an increasing influence of near-surface grains controlling plastic flow with 

decreasing pillar diameter. While for micron-sized pillars the strength differs between 

the two microstructures, the two scaling trends converge for sub-micron pillars with 

diameters close to the grain size, indicative of a transition from boundary-mediated to 

single crystal plasticity. 

 

A1 - Introduction 
Since technical devices are getting ever smaller, the requirements for materials 

performances are generally increasing. Experimental setups were developed to 

investigate confined volumes, and efforts were made to establish small scale testing 

techniques. Uchic et al.  [1] were the first to report a size effect in pillar compression 

testing of single crystalline (sxx) Ni. It was observed that the yield stress scales 

inversely with some power to the pillar diameter d. Many subsequent investigations 

followed on sxx face-centred-cubic (fcc) and body-centred-cubic (bcc) metals, with 

power law scaling exponents being agreed to be ~0.6 for fcc [2,3], and 0.2 to 0.6 for 

bcc metals [3-5], respectively. The reason for this variation in bcc metals is still under 

debate [6]. 

Due to the absence of closest packed planes in the bcc crystal structure, 

deformation is rate limited by the movement of screw dislocations via the kink pair 

mechanism [7]. Thermal activation helps to move these kink pairs. Thermally activated 

processes seem to be the direct reason for an increasing power law scaling exponent 

towards the fcc value. If thermal activation reaches ~0.2 · Tm, where Tm is the melting 
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temperature of the metal, the critical temperature (Tc) is typically reached [8]. At this 

point, screw dislocations propagate through the material with the same velocity as 

edge dislocations and the scaling exponent approaches 0.6 [2-4,9], the common value 

of fcc metals. 

The scaling behaviour of fcc and bcc metals has been studied by several groups 

in the last few years. Greer et al. [10] investigated the stress-strain behaviour of Au 

and Mo pillars, and differences in the scaling behaviour were accounted to varying 

dislocation mechanisms. Schneider et al. [6] tested various bcc metals with different 

Tc at room temperature (RT). Hereby, the RT/Tc ratio refers to different thermal 

contributions to the Peierls stress of various metals. The received wide range in scaling 

exponents of the bcc metals (Nb, Ta, W, Mo) has been explained by the thermally 

activated component of the yield stress [7]. These findings were confirmed by Maier et 

al. [11] using advanced nanoindentation (NI) techniques. More recently, compression 

tests on sxx W and Ta were carried out at elevated temperature by Torrents Abad et 

al. [12]. They observed increasing strength scaling behaviour with increasing 

temperature. However, in the present case of polycrystalline pillars, the size effect is 

not only composed of a thermal stress contribution. It is also dependent of an intrinsic 

grain size [13-16]. 

It is well-known that defect-free whiskers reveal theoretical strength values, 

whereas pillars with defects lead to the investigated size effect [14]. In other words 

there could be a preparation induced size effect. For millimetre-sized and micron-sized 

samples, Janssen et al. [17] investigated Al and found a processing induced strength 

scaling behaviour. Samples used in our investigations are very large compared to a 

probably affected surface volume (typically ~50 nm, Kiener et al. [18]) and therefore 

no significant influence of a processing induced size effect is expected. In fact, 

Jennings et al. [19] compared Cu pillars produced with and without focused ion beam 

(FIB) milling and found that size effects are independent of FIB damage.  

Attempts were made to analyse pillars containing different defect densities. 

Bei et al. [14] compared dislocation free and pre-strained Mo whiskers. Their findings 

reveal no size effect for pillars with more than 11% pre-strain. Schneider et al. [15] and 

El-Awady et al. [16] pre-strained Ni pillars and found a reduction of the scaling 

exponent with increasing pre-strain. This was related to cell structures that formed 
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during straining and the increase in dislocation density in the cell walls with increasing 

pre-strain. 

In our work, the dislocation density was further increased by deforming Cr to far 

more than 100% representative strain. High pressure torsion (HPT) was used to form 

an ultrafine-grained (ufg) microstructure with mostly high angle grain boundaries 

[20,21]. FIB milled pillars were compressed in-situ in a scanning electron microscope 

and the occurring size effect and deformation behaviour of ufg samples were compared 

with sxx samples. 

 

A2 - Materials and Methods 
An sxx Cr rod with a purity of 99.999% was obtained from Mateck GmbH (Jülich, 

Germany) in (100) orientation. Slices of approximately 1 mm thickness were cut with a 

diamond wire saw and subsequently ground and polished to a lamella, on which non-

tapered pillars in the size range between 200 nm to 4 µm and with an aspect ratio of 

2.5 – 3 were milled with a dual-beam SEM-FIB workstation (Zeiss LEO 1540 XP, 

Oberkochen, Germany) [22]. 

The polycrystalline Cr with a purity of 99.9% was provided as sheets by Plansee 

SE (Reutte, Austria). To achieve an ufg microstructure, the as-received sample was 

cut via electron discharge machining (EDM, Brother HS-3100) to a cylinder with a 

diameter of 30 mm and a height of 7 mm and was subsequently deformed via HPT 

[20,21]. Due to the RT brittleness of Cr (the ductile to brittle transition temperature 

(DBTT) of the recrystallized microstructure is 320 – 390°C [23]), the deformation 

process was performed at 200°C. The sample was processed at a pressure of 4.2 GPa 

with a rotational speed of 0.5 rpm. After 50 rotations and an imposed equivalent strain 

of ~360, a saturated ufg microstructure was reached. Subsequently, a lamella with 

3 · 2 · 1 mm³ was cut by EDM, followed by thinning, polishing and FIB milling in a 

similar way as the sxx sample. Due to the radial strain gradient in HPT samples [20,21], 

the lamella was cut from a disk radius of 14 mm. 

Vickers hardness measurements were performed on the as-received 

polycrystalline sample as well as on ufg samples using a Buehler MicroMet 5104 and 

a load of 500 gf. 

The grain size was determined at the same disk radius of 14 mm using back-scattered 

electron (BSE) images (Figure 1a) and electron back scattered diffraction (EBSD) 
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grain orientation maps (Figure 1b) recorded in an SEM (Zeiss LEO 1525, Oberkochen, 

Germany). Additionally, a thin lamella was prepared from a disk radius of 

approximately 14 mm to investigate the microstructure via transmission electron 

microscopy (TEM, Philips CM 12), shown in Figure 1c. For interpretation, the 

arrangement of the HPT principal directions with respect to the compression axes of 

the pillars are included in Figure 1a, the inverse pole figure colour code map is shown 

in the bottom left corner of Figure 1b, and the diffraction pattern of the corresponding 

TEM image is presented in Figure 1c, revealing almost no texture but slightly elongated 

grains. 

 

 

Figure 1: Microstructure of the HPT deformed Cr. a) BSE image, red arrows in the inset mark the 

compression axis regarding the direction of shear (green arrow) of the HPT sample, b) EBSD image 

and corresponding inverse pole figure, and c) bright field TEM image with corresponding diffraction 

pattern. 

 

The pillar compression tests were carried out at RT in-situ in an SEM 

(Zeiss LEO 982, Oberkochen, Germany). Tests on samples smaller than 1 µm were 

performed utilizing a Hysitron PI 85 Picoindenter® using a feedback loop of 200 Hz, 

while pillars in the size range between 1 µm and 4 µm were tested with an UNAT-SEM 

indenter (Zwick GmbH & Co. KG, Ulm, Germany) with a feedback loop of 64 Hz, as 

this device offers higher loads [24] required to deform the large and strong ufg pillars. 

The indenters were equipped with conductive diamond flat punches with diameters of 

6 µm and 8 µm, respectively (Synton-MDP AG, Nidau, Switzerland). Displacement-

controlled tests were conducted at constant displacement rates that were adapted to 

the pillar geometry in order to reach a constant nominal strain rate of 10-3 s-1, thereby 

excluding strain rate influences. The stress-strain curves were calculated from 
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recorded force-displacement data using the top pillar area and height from the 

untapered samples. The specimens were strained to ~20%, and corrections for sink-

in [25] and machine stiffness [26] were taken into account. Furthermore, movies were 

captured from the compression tests with 1 frame per second to analyse the dynamics 

of the deformation processes, and high resolution SEM images were taken post-

compression to relate them to the corresponding stress-strain curves. 

To compare pillar compression with macroscopic results, ufg samples with 

dimensions of 2 · 2 · 3 mm³ were also cut by EDM from a disk radius of 14 mm. These 

samples were tested using a universal tensile testing unit (Zwick GmbH & Co. KG, 

Ulm, Germany) modified with a load reverse tool to a compression device. Tests were 

conducted in air at RT and loads were measured with a 10 kN load cell. Strains were 

calculated from the recorded time and corresponding crosshead velocity. The sample 

was held between two WC-Co plates and sample-plate interface friction was 

neglected. 

 

A3 - Results 
The bulk hardness of the sxx Cr samples is 1.6 GPa measured by NI [27] and 

results of Vickers microhardness testing are presented in Table 1. The corresponding 

indentation sizes for the as-received Cr and the HPT deformed Cr were ~7400 µm² 

and ~2025 µm², respectively. The initial grain size of the as-received polycrystalline Cr 

was ~200 µm. The mean grain sizes of the three images in Figure 1 were determined 

at a disk radius of ~14 mm using area-equivalent circle diameters, resulting in average 

grain sizes of 135 ± 34 nm, 170 ± 84 nm and 150 ± 36 nm for BSE, EBSD and TEM, 

respectively. 

 
Table 1: Purity of the investigated materials and results of hardness testing. 

Sample Purity [%] Hardness [GPa] 

sxx Cr 99.999 1.6 [27] 

as-received polycrystalline Cr 99.9 1.2 ± 0.04 

ufg Cr 99.9 4.3 ± 0.10 
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Figure 2a depicts representative stress-strain curves of the sxx Cr pillars. While 

small samples show increasing flow stresses, pillar diameters larger than 4 µm reveal 

a strength of ~600 MPa. Converting the NI hardness (using a constraint factor of 2.8 

and 𝐻 = 𝜎 ∙ 𝐶∗ [28]), bulk strengths of ~570 MPa [27] are reached. The data for the 

bulk yield stress (0.02% plastic strain) of sxx Cr in (100) orientation is reported from 

tensile tests by Sameljuk et al. [29] as ~290 MPa, a much lower value as observed for 

present samples. This difference is explained by the large amount of strain hardening 

between the yield stress and a representative strain of ~8%. For pillars larger than 

2 µm, the stress-strain curves show reasonably continuous plastic deformation with 

occasional burst events, while for smaller samples pronounced load drops occur. At 

pillar sizes below ~1 µm serrated flow is evident and load drops in the order of 700 MPa 

are observed. Notably, the number of load drops might also depend on the machine 

dynamics and whether displacement or load controlled mode is used [30]. 

 

Figure 2: Representative micro compression stress-strain curves of a) sxx and b) ufg Cr pillars. 

 

In the case of the ufg samples (Figure 2b), a higher yield stress is reached due 

to a refined microstructure. NI tests resulted in a strength of ~2050 MPa. Bulk 

compression samples and pillars with diameters of 4 µm show comparable yield 

strengths of ~2000 MPa and continuous plastic deformation. However, alignment was 

hindered due to lower stiffness of the bulk compression equipment, resulting in a 

sample misalignment of ~1°. Therefore, the elastic loading stiffness of bulk samples is 

reduced and not comparable with pillar compression experiments, where the 

determined Young’s modulus of 250 GPa is reasonably close to the bulk value of 

294 GPa [31]. 
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In the case of decreasing pillar diameter, the yield strength of the ufg pillars also 

increases slightly. The stress-strain curves show features comparable with those in 

sxx samples, for instance, serrations and load drops in the order of 300 MPa for the 

same experimental setting. The plastic deformation behaviour can be seen in the 

supplementary videos, where video 1 depicts in-situ SEM pillar compression tests of 

two ~4 µm sized pillars, sxx and ufg, respectively. The insets show the corresponding 

stress-strain data. Video 2 depicts the same scheme for pillars with diameters of 

~0.6 µm. 

 

 
Figure 3: Post-deformation SEM images of compressed micropillars: a) 4 µm sxx, b) 3.8 µm ufg, c) 

0.6 µm sxx and d) 0.4 µm ufg, respectively. All pillars were deformed to about 20% plastic strain. 

 

Post-compression SEM images in Figure 3a and c represent deformed sxx pillars 

with diameters of ~4 µm and ~0.6 µm. Corresponding stress-strain curves are shown 

in Figure 2a where the dark blue curve describes the deformation of the 4 µm sxx pillar 
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and the black curve the deformation of the 0.6 µm sxx pillar, respectively. In case of 

the large sxx pillar (Figure 3a), deformation takes place on a preferred slip plane which 

has been estimated as the (110) plane typical for slip in bcc metals. Due to cross-slip 

of screw dislocations, deformation occurs on ill-defined crystallographic planes which 

intersect along the <111> direction [7]. In case of the small sxx pillar shown in 

Figure 3c, a similar deformation behaviour governed by crystallographic slip is 

observed. 

Figure 3b and d represent deformed ufg pillars with diameters of ~3.8 µm and 

~0.4 µm. Corresponding stress-strain curves are also depicted in Figure 2b, where the 

dark blue curve corresponds to the 3.8 µm ufg pillar and the black curve to the 0.4 µm 

ufg pillar. In contrast to the sxx samples, the large ufg pillars indicate slight barrelling, 

which is also seen in macroscopic compression samples due to friction at the surface-

tool interfaces. Grains near the free surface emerge and slip planes in the grain interior, 

corresponding to the planes of highest shear stresses, are visible (Figure 3d). 

In-situ deformation and post-compression SEM images (Figure 3) reveal the 

deformation behaviour on the surface, but deformation processes in the pillar volume 

are not directly visible. Therefore, FIB cross sections of the deformed sxx and ufg 

pillars were made to perform EBSD scans of the deformed interior. In Figure 4a, the 

cross section of a FIB cut sxx pillar is shown with an overlay of the corresponding 

EBSD scan. The slip traces of the (110) planes are indicated by black lines. The 

different colours represent a slight rotation of ~2° of the deformed part of the pillar with 

respect to the base. Figure 4b and c shows EBSD scans from cross-sections of ufg 

pillars with diameters of ~4 µm and ~0.5 µm, respectively. Approximately 40000 grains 

are located in the volume of the large ufg pillar while the number of grains is reduced 

to ~80 in the pillar shown in Figure 4c. 

 

A4 - Discussion 
In general, strengthening occurs when dislocation motion is hindered by 

obstacles, whether they are precipitates, forest dislocations or grain boundaries [32]. 

Once the involved length scales are truncated, as in the case of small pillars, the 

truncation effect is then responsible for the size-dependent strengthening. Moreover, 

activation of different slip systems can also contribute to a different scaling behaviour 

[33-36]. 



  Publication A 

 
78 

 

 
Figure 4: EBSD scans of cross-sections of different pillars and corresponding inverse pole figure. A) 

2 µm sxx Cr pillar with (110) slip trace indicators showing ~2° misorientation between top and bottom 

part of the pillar, b) a 4 µm ufg pillar, and c) a 0.5 µm ufg pillar with (110) slip trace indicators for the 

larger grains. 

 

To discuss the observed small scale deformation behaviour in detail, the 

schematic flow stress over pillar diameter diagram and the regarding sample 

microstructure (Figure 5a) are considered. As long as Frank-Read sources are 

controlling plastic deformation, a bulk strength is also expected in miniaturized 

compression tests, which is schematically represented by the red horizontal line for the 

sxx case. The obstacle spacing in terms of forest dislocations is smaller than the pillar 

diameter and a dislocation would bow out between obstacles (depicted as stars) on a 

preferred slip plane. If the pillar size decreases and the obstacle spacing approaches 

the pillar diameter, single armed sources [37] are responsible for plastic deformation. 

This yields to the sample size effect [1-4], evidenced by the increased slope of the red 

line for the sxx case. The blue lines including the top images in Figure 5a represent 

the deformation behaviour of ufg pillars. The top right pillar represents the case of a 

large sample, where the grain size is noticeably smaller than the pillar size. 

Dislocations bow out between obstacles or from boundaries in internal grains, and a 
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minority of single armed sources could act in surface grains. The stress-strain 

behaviour is similar to bulk samples due to a homogenous distribution of grains. The 

increased polycrystalline strength compared to sxx bulk strength is attributed to Hall-

Petch strengthening [38,39]. In this case neither a size effect nor load drops are 

observable. 

If the pillar diameter is decreased for a constant grain size, the number of grains 

inside the pillar decreases. As a direct consequence less obstacles and pinning points 

are present in the sample volume. The pillar in the middle of Figure 5a shows a small 

ufg specimen where the grain arrangement is not favourable for sxx deformation 

behaviour, indicated by the marked slip traces of the (110) slip planes that intersect a 

grain boundary before reaching the pillar surface. 

In this simple case, no size effect would be expected, as dislocations are still 

blocked by grain boundaries, but individual slip events might be detectable in the 

stress-strain data, as evidenced by load drops in the stress-strain curves for small 

pillars (Figure 2). In load-controlled compression tests, strain bursts occur instead of 

load drops, but their origin is the same [30]. Ufg pillars show such features for pillar 

diameters smaller than 1 µm, where dislocation avalanches can easily exit at surface 

grains. Dislocations nucleated in grains being surrounded by other grains cannot exit 

on free surfaces. They rather pile-up at adjacent grain boundaries, which consequently 

yields to smaller load drops in the stress-strain curves of larger ufg samples. Such 

burst events are usually only detected for a limited number of grains. In large samples, 

they are typically averaged out. 

If the grains are oriented in a more favourably way (top left pillar), slip traces 

reveal no intersections with boundaries and deformation as known for sxx pillars can 

occur, with the consequence that a size effect will be observed. In a more realistic 

scenario, surface grains will require higher external loads to cause yielding due to a 

reduced pile-up contribution for source activation, which will be more important for 

decreasing pillar diameters. Thus, the transition from ufg to sxx scaling behaviour might 

be gradual. 
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Figure 5: a) Schematic of the size effect in sxx and ufg pillars in a log-log stress-pillar diameter plot. The 

red and blue lines represent the behaviour of sxx samples and ufg pillars, respectively. b) Strengthening 

of sxx Cr and ufg Cr pillars evaluated at 8% flow stress and, c) strength data of both data sets collapses 

using a combined internal length scale leff. See text for more details.  
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Figure 5b depicts the representative flow stresses of the varying sized Cr pillars, 

evaluated at 8% plastic strain. This strain value was chosen to allow comparison with 

hardness tests performed with a Berkovich indenter (imposing 8% plastic strain [28]). 

Another reason for comparison of stresses at higher strain levels is to include the strain 

hardening behaviour within the first few percent of deformation to be comparable with 

previous bcc studies [4,15,33,34]. Red circles and blue squares indicate strength 

values of sxx and ufg pillars, respectively, with corresponding error bars resulting from 

uncertainties of determining the cross-sections and the noise of the indenter load 

without contact as a worst case limit. 

Horizontal lines on the right represent bulk strengths and were taken for sxx 

samples from [27]. Bulk strengths of the ufg samples were calculated from hardness 

testing. They are in good agreement with the macroscopic compression test 

(Figure 2b) after removing the error in strain from misalignment. 

The slope of the linear fit from the data points of the log-log plot in Figure 5b gives 

the power law scaling exponent n, which is 0.43 ± 0.03 for sxx pillars. While the scaling 

behaviour of bcc sxx pillars is well investigated, Cr has not been examined so far. Thus, 

it is interesting to note that this value fits well into the concept of Schneider et al. [4]. 

In fact, if the power law exponent is plotted against the homologous critical temperature 

(~0.68 for Cr), the model of Schneider would predict a power law scaling exponent of 

~0.41, in close agreement with our results. 

In the case of ufg pillars, the slope decreases due to the presence of grain 

boundaries and higher dislocation densities from HPT processing. The linear fit gives 

a scaling exponent of 0.10 ± 0.02, which reveals that a slight scaling behaviour is 

evident even in ufg pillars. The point of intersection of the two fit lines indicates the 

transition to sxx behaviour. It occurs at a pillar size of ~150 nm, which is in good 

agreement with the grain size of the material (Figure 1). In this situation, typically a 

single grain would span the pillar cross-section, leading to sxx deformation for both 

material conditions. 

From the SEM images in Figure 3 it appears that the deformation behaviour is 

different between sxx and ufg pillars, which might have contributed to grain boundary 

mediated deformation, as reported in [40]. To investigate whether another length scale 

or deformation mechanism plays a dominant role, both data sets were analysed 

regarding to dislocation based plasticity. Taking into account sample size as well as 
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grain size in a weakest link concept, many approaches are found in literature. Keller et 

al. [41] and Chen et al. [42] investigated the influences of varying sample thickness 

and grain size on the mechanical properties in tensile tests, while Misra et al. [43], 

Zhang et al. [44], Guo et al. [45] and Knorr et al. [46] investigated the deformation 

behaviour in nano-scaled multilayers. Furthermore, Nicola et al. [47] applied such 

approaches on thin films. Bushby et al. [48] related an indentation contact size with the 

grain size. First weakest link concepts were suggested by Dunstan et al. [49]. They 

performed torsion tests on thin wires and related the responsible length scales, the 

grain size and a structure size (wire diameter) to an effective length scale leff. For our 

experiments, the extrinsic pillar diameter D and the intrinsic grain diameter d were 

related to leff. The two length scales interact with each other and result in a single 

scaling effect, for a situation where only dislocation slip is considered: 

 
1

𝑙𝑒𝑓𝑓
=

1

𝑑
+

1

𝐷
.      (1) 

 

The length scale governing plastic deformation in equation (1) indicates that the 

grain size is the dominating part in ufg pillars, whereas for sxx pillars the pillar diameter 

is dominant (Figure 5c). For intermediate sizes, the coupling becomes more important. 

Note that a representative flow stress at 8% strain was again used to scale with the 

effective length scale of the pillars. It can be seen that sxx and ufg samples collapse 

on the same trend line (black), which implies that the scaling behaviour in both, ufg 

and sxx pillars, is controlled by the same deformation mechanism, namely dislocation 

motion. 

The EBSD data, shown in Figure 4, support these assumptions. The ongoing 

dislocation motion in the sxx case (Figure 4a) leads to a slight rotation during 

compression, which is common behaviour due to lateral constraints [50-52]. Micron-

sized ufg pillars (Figure 4b) deform similarly to bulk samples and show a comparable 

stress-strain behaviour. Grain size determinations also indicate comparable size 

distributions as for the initial HPT deformed material mentioned (Figure 1), and exclude 

distinct deformation induced grain growth [53,54]. Moreover, no indication of grain 

boundary sliding is observed in both micron- and sub-micron-sized pillars. In the case 

of a sub-micron sized pillar (Figure 4c), sxx deformation behaviour could be expected 

if one grain would span the whole pillar. For the given grain orientations, slip traces 
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indicate that the grain arrangement is unfavourable for sxx deformation. Therefore, the 

pillar deforms comparably to the larger ufg pillar with homogeneously distributed grains 

but at an increased flow stress level compared to bulk, as seen in Figure 2b. 

In the case of polycrystalline pillars, only few and somewhat controversial results 

are reported in literature. Jang and Greer [55] investigated Ni-W pillars with a grain 

size of ~60 nm and found a size-induced weakening effect instead of a stress increase 

with decreasing pillar diameter below ~200 nm. In contrast, Rinaldi et al. [56] 

investigated comparable pure nanocrystalline Ni with a grain size of about 30 nm for 

samples in the size range from 160 nm to 272 nm and reported a size effect where 

smaller pillars are stronger. A scaling exponent of 0.38 to 0.66 [56] was observed 

depending on the strain level, where the defect density was always the same. 

Increasing the dislocation density by pre-straining of sxx Ni reduced the scaling 

behaviour from 0.66 to 0.16 [15,16]. 

Schreijäg et al. [57] investigated bcc metals (α-Fe and DC04, a low alloyed steel) 

with focus on the effect of sample size and microstructure on the strengthening 

behaviour tested by pillar compression. Their metal sheets were cold rolled and 

annealed, and the FIB fabricated pillars were in the size range between 500 nm and 

22 µm for a grain size of about 50 µm, thus essentially single crystalline. Slip in their 

heat treated pillars did not necessarily end at grain boundaries and only small 

differences between sxx and heat treated polycrystalline pillars were found. In the case 

of the cold rolled material, grain boundaries acting as obstacles were reported not to 

play an effective role and dislocations did not pile up. Cold rolling resulted in a varying 

grain boundary character compared to HPT, caused by a much lower degree of 

deformation. Notably, the contained dislocation density in the rolled material should be 

comparable with the present ufg material processed via HPT of ~1014 to 1015 m-² 

[58,59] containing mostly large angle grain boundaries. For Fe, which has a low 

thermal stress component at RT, the scaling exponent was reported as 0.81 by 

Schreijäg et al. [57] which is even higher than observed in fcc metals [1,2]. This strong 

scaling exponent has also been reported by Rogne and Thaulow for sxx Fe [36] and 

might be contributed to different crystal orientations. A scaling behaviour in strength of 

the cold rolled DC04 steel has not been observed by Schreijäg et al. [57], which is 

likely due to high dislocation density and large samples, comparable with results of 

pre-strained pillars [14-16]. 
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Another approach to explain this strengthening is a statistical size effect as 

suggested by Henning and Vehoff [60]. By calculating Taylor factors and minimal grain 

areas over the specimen width, they could predict the initial point of yielding in their 

samples. This, however, requires simplifications such as a two-dimensional 

microstructure, which is not been guaranteed even in the smallest ufg pillars. Thus, we 

consider only flow stresses instead of critical resolved shear stresses, and do not 

attempt to address a statistical size effect. 

Jang and Greer [55] and Rinaldi et al. [56] performed their experiments at low 

grain size to pillar size ratios of ~0.02 - 0.2 corresponding to a bulk situation, while the 

investigations from Schreijäg et al. [57] were conducted on high d/D ratios of ~2 – 100, 

thus essentially in the sxx regime. In the case of the present ufg pillars, a grain size to 

pillar size ratio of ~0.04 - 1 was investigated, thereby spanning the whole range of 

interest. 

In this intermediate transition regime, the results presented show a non-negligible 

strength scaling behaviour in ufg pillars, emerging due to the comparable magnitude 

of the internal (microstructural) length scale and the pillar dimensions. Since the grain 

size d is ~160 nm (Figure 1), dislocation-mediated plasticity within the grains is most 

probably responsible for plastic deformation. As dislocations can exit to the surface, 

stronger near-surface grains gain importance with decreasing sample dimensions. 

This reduces dislocation pile-ups and local stresses and requires higher loads for 

plastic deformation. Thereby, near-surface grains contribute to the strength scaling 

exponent of 0.10 ± 0.02. Considering the situation from the sxx point of view, the 

reduced scaling exponent would also indicate a higher defect density compared to sxx 

samples [15]. The defect densities in the investigated samples were not determined 

explicitly. However, comparison with calculations from El-Awady [61] suggest that a 

dislocation density of ~1014 to 1015 m-² [58,59] would yield to a scaling exponent of 

~0.10, in good agreement with present results. 
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A5 - Conclusion 
Size effect investigations on sxx Cr and ufg Cr were performed to study the 

interaction between internal microstructure and external sample dimensions. Sxx 

pillars reveal a scaling behaviour of ~0.43, in agreement with other bcc sxx pillars when 

normalized to the homologous critical temperature. Ufg pillars show a decreased 

scaling behaviour with a scaling exponent of ~0.10. This reduction is explained by the 

influence of free surfaces in small scale testing, as grains influenced by the pillar 

surface seem to be stronger than grains in the pillar volume. Dislocations can exit the 

near-surface grain, making them resistant to subsequent deformation. Current data 

analysis is based on dislocation plasticity at RT. Up to now, no differentiation between 

the effects of dislocation density and grain boundaries regarding the reduced scaling 

exponent are made. Possible influences of surface or boundary mediated processes, 

in particular at elevated temperature, will be investigated in the future. 

 

A6 - Appendix: Supplementary Material 
The supplementary videos of publication A are included digitally on the storage 

medium located at the end of the thesis. 

 

 

Video1: In-situ SEM compression test of two ~4 µm sized Cr pillars. The left sample is single crystalline 

while the right one contains an ufg microstructure. The insets show the corresponding stress-strain data. 
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Video 2: In-situ SEM compression test of two ~0.6 µm sized Cr pillars with a single crystalline (left) and 

an ufg microstructure (right). The insets show the corresponding stress-strain data. 
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B - Abstract 
The microstructure influence on the thermally activated deformation behaviour of 

chromium is investigated for a more fundamental understanding on the deformation 

mechanisms contributing to plasticity in bcc metals. Therefore, scale-bridging 

experiments at variable temperatures and for varying strain-rates are performed, 

encompassing macroscopic compression tests in direct correlation to local in-situ SEM 

micro-compression experiments on taper-free pillars and advanced nanoindentation 

testing. For the first time, it is demonstrated that, independent of stress state, sample 

volume and surface fraction, a distinct temperature-dependent transition of the 

dominating deformation mechanism occurs. While at low temperatures the lattice 

resistance dominates, exceeding a critical temperature the dislocation interaction with 

grain boundaries becomes the rate limiting step. Finally, based on the vastly different 

fractions of grain boundaries in the tested sample volumes, a more comprehensive 

model on the deformation of bcc metals, in particular at small scales or for confined 

volumes is derived. 

 

B1 - Introduction 
Over the last decades, investigations on the elemental deformation mechanisms 

in different metals, in particular body-centred cubic (bcc) ones, were extended from 

originally coarse-grained (cg) states [1,2] to single-crystalline (sxx) [3,4], ultrafine-

grained (ufg) [5-7] and even nano-crystalline (nc) [8,9] microstructures. Since 

macroscopic tests average deformation characteristics over several length scales, 

testing of limited sample volumes [10] offers the premise to assess specific intrinsic 

material behaviour. In these small dimensions, individual plasticity mechanisms, such 

as dislocation motion, dislocation interactions, dislocation pile-ups [9], or even 

diffusion-mediated processes such as grain boundary (GB) sliding [11,12] can 

potentially be isolated, thereby allowing identification and analysis of specific 

deformation modes. 

A common approach to gain insight into the thermally activated deformation 

behaviour of bcc metals is to determine the strain-rate sensitivity (m) and the 

correspondent activation volume (ν) [13]. Therefore, constant strain-rate tests or/and 

strain-rate jump (SRJ) tests are conducted and the rate-dependent stress responses 
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are used to determine m. Since in this work the aim is to bridge from macroscopic 

experiments to small volumes, it is important to note that recent work on nc Ni, ufg Al 

and ufg Nb [14-16] revealed direct comparability of constant strain-rate tests and SRJ 

tests performed by nanoindentation, small-scale tension and compression experiments 

with macroscopic data. 

Conventional cg or sxx face-centred cubic (fcc) metals exhibit m-values in the 

order of 10-³ [5,17-20]. If internal length scales for dislocation interaction become 

smaller, e.g. by decreasing the grain size, m increases by about one order of 

magnitude [9,17]. The corresponding ν (indicated in multiples of the cubed Burger’s 

vector b) decreases from values well above 100 b³ (cg microstructure) to a couple of 

10 b³ in ufg fcc metals [9,18]. This indicates a transition from forest dislocation 

interactions to dislocation-GB interactions. Further decreasing the grain size to the nc 

regime leads to low ν  of ~1 b³. These values are classically attributed to diffusion-

driven processes [9]. 

To investigate the GB contribution in confined sample volumes, Zhang et al. 

[19,20] performed micro-compression tests on sxx and ufg Cu pillars and reported that 

m is strongly dependent on the sample diameter to grain diameter (D/d) ratio. While 

sxx and macroscopic polycrystalline Cu samples show low m-values of ~0.002, they 

reported ~0.10 - 0.15 for D/d ranging between 3 and 10. Thus, the high number of 

interfaces in the deformed volume strongly influences the deformation behaviour 

[5,9,21] as well as the yield stress [22-25] of pillars in the fcc case. 

While the situation in fcc metals is quite well understood, the situation is less clear 

in bcc structures [26,27]. This prevails especially for cases where microstructure, 

microstructural constraints, loading conditions and variable sample sizes are taken into 

account. Moreover, the flow stress in bcc metals consists of two parts, namely the 

temperature independent athermal component (σa), which arises from long-range 

stresses caused by obstacles to dislocation motion, such as impurities or GBs, and the 

temperature and strain-rate dependent thermal component of the flow stress (σth), 

which stems from the resistance of the lattice itself, called the Peierls potential [1,28]. 

In the latter case, the movement of screw dislocations via the kink-pair mechanism 

becomes the dominating thermally activated contribution during low temperature 

deformation [29].
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The temperature dependency varies with respect to a critical material specific 

temperature (Tc), upon which thermal activation eases the movement of screw 

dislocations with increasing temperature. Eventually, the lattice friction diminishes 

once Tc is reached at ~0.2 · Tm [29], with Tm being the melting temperature of the 

respective metal. Above this temperature (for Cr ~160°C [29]), the rate-dependent 

characteristics in bcc and fcc metals are comparable since the Peierls potential 

contribution vanishes. Therefore, screw dislocations exhibit a similar mobility as edge 

dislocations [28], which consequently leads to low m and corresponding high ν typical 

for fcc metals, as only long range stresses prevail. 

In literature, investigations on bcc metals were conducted by Wei et al. [30-34] 

performing macroscopic compression tests and Zhou et al. [35] and Wu et al. [8] 

performing nanoindentation tests, addressing the rate-dependent deformation 

behaviour on V, W, Mo, Ta and Cr. Increasing m with increasing grain size was 

reported, opposite to reports on fcc metals [5,9,21]. 

More recently, Maier et al. [6,7] investigated the deformation mechanisms in sxx 

and ufg bcc metals by means of advanced nanoindentation techniques at room 

temperature (RT) for Cr and W [7], and at elevated temperatures for Cr [6]. For Cr, m 

at RT of ~0.07 in sxx samples was attributed to a strong contribution of the Peierls 

potential and a low mobility of screw dislocations [28] which govern the deformation 

process at low homologous temperatures underneath Tc via the kink pair mechanism 

[1,28,29]. Comparably lower m at RT of ~0.02 in ufg samples was referred to a 

prevailing contribution of the Peierls potential in combination with an increased 

athermal contribution due to GB strengthening. Overcoming Tc in the ufg state, a 

further increase of m was measured and related to a diminishing contribution of σth 

accompanied by an emerging dominant thermally activated dislocation-GB interaction. 

σa remains mostly constant with increasing temperature due to a thermally stable 

microstructure [6]. 

In this work, focus is placed towards a more comprehensive scale-bridging 

understanding of the deformation characteristics of bcc Cr by examining contributing 

factors such as microstructure, sample size, temperature and stress state. The 

corresponding effects on the deformation behaviour over four orders of magnitude 

concerning the sample size, taking into account rate effects at ambient as well as non-

ambient conditions, are analysed in this study. Therefore, uniaxial macroscopic 
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compression tests, in-situ SEM micro-compression experiments, as well as multiaxial 

advanced nanoindentation experiments using different tip geometries were performed 

at variable strain-rates between RT and 400°C to determine m-values and activation 

volumes. The stress-strain response and occurring deformation mechanisms were 

compared with sxx Cr to assess the impact of GB contributions. Moreover, the rate-

dependent properties and microstructural evolution will be related to the loaded 

material volume with respect to testing temperature (Ttest) and fraction of GBs present 

within the specimen to assess size-dependent mechanism transitions. 

 

B2 - Material Processing 
The as-received polycrystalline ultra-high-purity Cr sheets (Cr-265, Plansee SE, 

Reutte, Austria) were cut by Electrical Discharge Machining (EDM, Brother HS-3100) 

to a cylinder with a diameter of ~30 mm and a height of ~7 mm. Subsequently, this 

cylinder was deformed via High Pressure Torsion (HPT) [36,37] using a rotational 

speed of 0.5 rpm and a pressure of 4.2 GPa at 200°C to an equivalent strain of ~360 

(50 rotations) to reach an ufg microstructure. Subsequently, the Vickers hardness 

(Buehler MicroMet 5104, load of 500 gf) of ufg Cr was measured over the whole disk 

radius (r) and disk thickness on polished samples and is shown in Figure 1a on top of 

the half HPT disk. 

 

Compression Testing 
The EDM-cut macroscopic compression samples indicated in Figure 1a were 

subsequently ground and polished with SiC paper to achieve a smooth sample surface 

with final sample dimensions of 2 · 2 · 3 mm³. They were machined in axial disc 

direction, where elongated grains from the HPT process are oriented perpendicular to 

the compression axis. The samples were held between two WC-Co plates and sample-

plate interface friction during deformation was neglected. Testing was performed in air 

using a universal tensile testing unit (Zwick GmbH & Co KG, Ulm, Germany) modified 

with a load-reverse tool to a compression device. Loads were measured with a 

calibrated 10 kN load cell and strains were calculated from recorded time and the 

corresponding crosshead velocity. 
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Figure 1: Half of a HPT-deformed Cr disk with corresponding hardness map and BSE images of the 

microstructure. a) EDM was used to cut a lamella (black – left side) from the HPT disk for FIB pillar 

preparation from a disk radius of 14 mm and several macroscopic compression samples from a radius 

range between 12 mm and 14 mm. The compression axis is the axial direction of the HPT sample. b) 

Microstructures before and after HPT deformation. The left image shows the as-received Cr (d~200 µm). 

 and  represent the microstructure after HPT deformation at a disk radius of 14 mm (lamella for pillar 

preparation, d~160 nm) and at a disk radius of ~12 mm (for macroscopic samples, d~300 nm), 

respectively. 
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High temperature pillar-compression 
For micro-pillar compression tests at elevated temperature, a custom made, 

resistive heating device equipped with a ~12 µm sapphire flat punch (Synton-MDP AG, 

Nidau, Switzerland) was installed on the UNAT-SEM indenter. To achieve isothermal 

contact temperatures, the sample holder was also independently heated on the 

moveable stage of the SEM. Thermocouples were brazed nearby the indenter and the 

sample holders. Software control was implemented in LabView® (National Instruments 

Corp., Austin, Texas, USA) and temperature control was achieved with a PID feedback 

loop. With this setup, accurate measurements at temperatures up to 300°C are 

achievable without active cooling after a stabilisation time of ~30 min. For temperature 

calibration of the equipped indenter, a temperature matching procedure as suggested 

in [47] has been applied to tune the contact temperature between the indenter and the 

sample in order to minimize thermal drift. Further details about the setup are 

summarized in [48]. 

 

Nanoindentation 
HPT-deformed macroscopic ufg samples as well as an sxx sample were 

mechanically and electrolytically polished to remove remaining deformation layers 

before nanoindentation testing. In order to measure thermally activated processes at 

various temperatures, nanoindentation strain-rate jump (SRJ) tests [14] were 

performed using a Nanoindenter G200 (Keysight Technologies, USA) equipped with a 

continuous stiffness measurement (CSM) unit to continuously record contact stiffness 

and to avoid local thermal drift [49]. Machine stiffness and tip shape calibrations were 

performed at RT according to the Oliver-Pharr method [50]. Strain-rate jumps for 

displacement segments of 500 nm each and strain-rate levels of 5 · 10-2 s-1, 10-2 s-1, 

10-3 s-1 and 5 · 10-3 s-1 were performed. Furthermore, strain-rate controlled tests with 

a constant strain-rate of 5 · 10-2 s-1 were conducted to compare to results from SRJ 

testing as well as uniaxial testing techniques. For all tests, the CSM frequency was set 

to 45 Hz and a harmonic displacement amplitude of 2 nm was superimposed. 

For RT testing, a three-sided diamond Berkovich pyramid (imposing ~8% plastic 

strain, obtained from MicroStar Technologies, Huntsville, USA) as well as a diamond 

Cube Corner indenter (Synton-MDP AG, Nidau, Switzerland), which imposes ~20% 

plastic strain [51 ], were utilised. For high temperature measurements at 100°C, 150°C, 
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200°C, 250°C and 300°C a Berkovich pyramid tip made of sapphire (Synton-MDP AG, 

Nidau, Switzerland) was used. Independent heating of sample and indenter was 

achieved by a laser heating stage (SurfaceTec, Hückelhoven, Germany) and an active 

water-cooling system. Moreover, the maximum indentation depth for all indents was 

2500 nm and tests under non-ambient conditions were performed in an inert gas 

environment (95% N2 and 5% H2) to exclude sampling issues and oxidation effects. 

 

B3 - Results 
Microstructure and hardness 

The initial grain size of the as-received polycrystalline Cr was ~200 µm 

(Figure 1b, left). The mean grain size in the ufg lamella used for pillar preparation was 

~160 ± 51 nm (Figure 1b, middle) and in the macroscopic compression samples, 

ranging from r~12 mm to r~14 mm ~300 ± 86 nm (Figure 1b, right). In both cases, 

grains are slightly elongated but no pronounced texture was observed. The average 

aspect ratio of elongated grains was 2.7/1 ± 0.09 in axial direction, and no pronounced 

substructure formation was observed. 

 
Table 1: Purity and bulk hardness obtained by nanoindentation and Vickers micro-hardness 

measurements 

Sample Purity [%] Method Hardness [GPa] 

sxx Cr 99.999 Nanoindentation 1.6 [6] 

as-received polycrystalline Cr 99.9 Vickers 1.2 ± 0.04 

ufg Cr, r ~14 mm 99.9 Vickers 4.4 ± 0.10 

ufg Cr, r ~12 mm 99.9 Vickers 4.2 ± 0.10 

 

Hardness values are presented in Table 1 and as colour code in Figure 1. Due 

to the radial strain gradient in the HPT device and in accordance with the 

microstructural variations, a slight hardness change was observed. Hardness values 

of 4.40 ± 0.10 GPa at r ~14 mm and 4.20 ± 0.10 GPa at r~12 mm were measured. A 

hardness deviation along the disk thickness (axial direction) of ± 0.10 GPa was 

observed at r~14 mm and ± 0.03 GPa at the centre of the disk. The change along the 

disk radius (radial direction) between the disk centre and ~14 mm is ± 1.00 GPa. 
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Stress-strain response 
Exemplary engineering stress-strain curves of pillars and macroscopic 

compression samples are shown in Figure 2. The stress-strain responses with varying 

strain-rates for ~2 µm sxx and ufg pillars tested at RT are presented in Figure 2a. The 

flow stresses of sxx pillars are around 500 MPa, while for ufg samples an increase to 

~2080 MPa at 8% plastic strain is evident. At the same time, the change in flow stress 

with varying strain-rate (high: ~2 · 10-2 s-1, medium: ~8 · 10-3 s-1, low: ~3 · 10-3 s-1) is 

significantly less pronounced in the ufg states compared to sxx pillars. Related 

nanoindentation hardness data obtained with a Berkovich indenter are included as 

horizontal lines. Comparison of stress-strain data between RT and 230°C (Figure 2b) 

reveals decreased flow stresses for sxx and ufg pillars, and a diminishing work 

hardening for the pillars at elevated temperature. Figure 2c shows the stress-strain 

response of macroscopic ufg samples tested at a constant strain-rate of 3 · 10-3 s-1 at 

different temperatures. The flow stress decreases with increasing temperature, and 

the strain hardening behaviour is less pronounced at elevated temperatures, in 

accordance with the micro-pillar data. 

Figure 3a represents exemplary constant strain rate nanoindentation load-

displacement curves compared to SRJ tests for sxx (red) and ufg Cr (blue), 

respectively, showing good match between the two techniques for the same strain rate. 

Figure 3b depicts nanoindentation hardness and Young’s Modulus values plotted vs. 

indentation depth. The mean Young’s Moduli extracted for sxx and ufg Cr (303 GPa) 

are close to the literature value of 294 GPa [52]. Finally, Figure 3c represents 

exemplary hardness divided by a constraint factor (C*) of 2.8 vs. indentation depth plots 

for Cube Corner and Berkovich indentations in sxx and ufg Cr at RT, 200°C and 300°C. 

The strength in the ufg samples is generally higher due to grain refinement, and a 

decreased hardness is observed with increasing Ttest. Differences between Cube 

Corner (20% representative strain) and Berkovich data (8% representative strain) at 

RT stem from the varying representative strain imposed to the material, which is 

conform to the uniaxial data. Moreover, the sxx indents exhibit a noticeable indentation 

size effect (ISE), which was accounted by analysing indentation data according to the 

model of Nix and Gao [53] to extract the bulk hardness H. 

Post compression SEM images of macroscopic samples (Figure 4a) and micro-

pillars (Figure 4b,c) reveal the appearance of the deformed samples corresponding to 
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the stress-strain curves in Figure 2. Figure 4a shows macroscopic samples deformed 

at RT and a strain-rate of 2 · 10-2 s-1, RT and 3 · 10-3 s-1, and 400°C at a strain-rate of 

2 · 10-3 s-1, respectively. Figure 4b represents ~3 µm and ~4 µm ufg pillar deformed at 

low strain-rates at RT and 230°C, respectively. A bulk-like deformation behaviour is 

observed at all tested temperatures and strain-rates. Due to small sample dimensions 

and a comparatively large grain size, near-surface grains appear to be pushed out of 

the surface. This behaviour is observed for all different temperatures, strain-rates and 

pillar sizes, respectively. Figure 4c shows sxx pillars deformed at RT (left) and 230°C 

(middle). The former shows deformation by crystallographic slip on ill-defined slip 

planes as expected for the (100) orientation, whereby the latter exhibit a more localized 

slip behaviour with sharper slip bands. The insets in Figure 4b and c provide details of 

the sample surfaces. 

Figure 5 depicts residual indents of Berkovich and Cube Corner imprints 

compared with images obtained from in-situ pillar-compression at comparable uniaxial 

strain. Figure 5a presents indents in ufg Cr at RT and 300°C, while Figure 5b gives a 

comparison of indents in sxx Cr at the corresponding temperatures. Figures 5c and d 

show in-situ SEM images of ufg Cr pillars during compression at ~8% plastic strain and 

post compression at ~20% plastic strain tested at RT and 230°C, respectively. Slight 

pile-up and emergence of grains from the surface is evident for the Cube Corner 

indents and coincides with the surface of the 20% deformed pillars. 
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Figure 2: Comparison of stress-strain curves at different strain-rates and temperatures for sxx and ufg 

Cr samples. a) 2 µm Cr pillars tested at RT, b) 4 µm Cr pillars deformed at 230°C. c) Macroscopic ufg 

samples at varying temperatures for a strain-rate of 3 · 10-3 s-1. 
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Figure 3: Nanoindentation data of sxx and ufg Cr at variable strain rates and temperatures. a) 

Comparison between constant strain rate (CSM) and strain rate jump (SRJ) experiments. b) Hardness 

and Young’ Modulus vs. indentation depth. Validity of the measurement is indicated by the constant 

Young’s Modulus of ~303 GPa over indentation depth. c) Hardness divided by a constraint factor of 2.8 

vs. indentation depth for sxx and ufg samples tested with Berkovich and Cube Corner indenter tips at 

varying temperatures. 
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Figure 4: Post-deformation SEM images of macroscopic samples and micro-pillars. a) Macroscopic 

samples loaded at varying strain-rate and temperature. b) Ufg pillars with diameters of ~3 µm and ~4 µm 

tested at RT and 230°C, respectively. c) Deformed ~4 µm and ~6 µm sxx pillars at RT and 230°C. The 

insets indicate details of the deformed sample surfaces. 
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Figure 5: Residual impressions in a) ufg and b) sxx Cr performed with Berkovich or Cube Corner tips at 

varying temperature. For comparison, snapshots during in-situ SEM pillar-compression tests of ufg Cr 

at ~8% and ~20% plastic strain are shown in c) at RT and d) at 230°C. For details, see text.  

 

B4 - Discussion 
As long as sample size effects in micro-pillars [10,54,55] or an ISE during 

nanoindentation [53] are properly accounted for, a comparison of different testing 

techniques should generally lead to comparable results, as shown for different non-

textured ufg fcc materials [14,15,51,56]. For the ufg micro-compression experiments, 

this is taken into account by the smaller internal grain size length-scale dominating 

over the sample size effect [10,54,55]. The dominant dislocation character in sxx and 
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ufg samples was considered to be of screw type, as suggested by Cheng et al. [57] for 

length scales larger ~300 nm. Regarding the nanoindentation data, this is considered 

by extrapolating to bulk hardness values from ISE affected nanoindentation data [53] 

as seen in Figure 3c. Moreover, pile-ups in the present case insignificantly influence 

hardness values, as indicated by the constant profiles of Young’s Modulus as shown 

in Figure 3b. The choice of a reasonable constraint factor (C*) is important to link 

nanoindentation hardness to a corresponding uniaxial stress. Several values for C* are 

discussed in literature ranging from 2.5 to 3.0 for metals [14,51,58-64] to account for 

the multiaxial highly hydrostatic stress state during indentation. In the present work, 

2.8 was chosen as proposed by Tabor [51]. 

 

Stress-strain characteristics 
First, the stress-strain data (Figure 2 and 3) for different testing techniques will 

be discussed addressing RT behaviour (I), characteristics above Tc (II), followed by 

the temperature-dependent strain hardening behaviour (III), and the corresponding 

flow characteristics (IV). 

(I) Stress values at 8% plastic strain in the ufg Cr pillars (~2080 MPa) and 

nanoindentation data (~2050 MPa) at RT are in good accordance, implying that global 

flow stresses are not affected by the used testing technique, the corresponding loading 

direction, or stress state. However, macroscopic samples (~1850 MPa) show slightly 

decreased stress values (Figure 2a and c). These differences can be explained by a 

slightly different grain size (Figure 1b) due to the imposed radius-dependent strain in 

the HPT device. The micron-sized pillars were FIB-milled at r ~14 mm, while 

macroscopic samples were machined from r ~12 mm to r ~14 mm. The larger grain 

size at the inner radius leads to an estimated flow stress decrease of ~250 MPa based 

on a simple Hall-Petch estimation [65,66], which is in accordance with the observed 

stress difference. Moreover, the elastic stiffness of the macroscopic compression tests 

is lower than in the pillar-compression tests since bottom and top faces of the samples 

deviate by <1° from perfect parallelism. The stress offset observable in Figure 2c is 

caused by slight pre-loading. However, due to the low to negligible work hardening, 

this is of minor concern for the data analysis at 8% flow stress. 

(II) To check whether the flow stress decrease at elevated temperature results 

from an annealing effect during heating of the compression device or is induced by 
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plastic deformation, a thermal annealing approach was conducted where bulk samples 

were annealed for 30 minutes at various temperatures. Grain heights (black) as well 

as grain lengths (red) are shown in Figure 6a, indicating a slight increase of grain size 

and a decrease of grain aspect ratio (blue) upon annealing. The initial average grain 

size of ~160 nm at r ~14 mm increased to ~238 nm at 200°C, ~294 nm at 300°C and 

~315 nm at 400°C. The corresponding decrease in flow stress was calculated based 

on a Hall-Petch estimation [65,66] and results in ~200 MPa, ~300 MPa and ~350 MPa, 

respectively. Due to the generally larger mean grain size in the macroscopic ufg 

samples, the flow stress at 8% plastic strain decreased by 300 MPa to 1550 MPa at 

200°C (Figure 2c). Consequently, reduced flow stress values at elevated temperatures 

mainly result from grain growth effects during heating the material in the compression 

device. 

(III) The different strain hardening behaviour of the uniaxially deformed samples 

tested at RT (Figure 2a) and elevated temperature (Figure 2b and c) could be 

explained by increased thermal activation at elevated temperature. In this case, screw 

dislocations cross-slip and therefore lead to a reduced pile-up of dislocations during 

deformation, thereby reducing work hardening at elevated temperature. At RT 

dislocations do pile-up and strain hardening takes place. 

(IV) Stochastic events are observed for sxx pillars at every temperature tested. 

During compression, the number of load drops depends on both the machine dynamics 

(strain-rate) and whether displacement or load controlled mode is used [67] and is an 

indication of discrete dislocation activity. For large ufg pillars, no intermittent flow is 

observable regardless of the used strain-rate. Here, burst events in individual grains 

are averaged out due to the high number of grains in the deformed sample volume. 

Serrations in the stress-strain curve of the deformed macroscopic sample at RT 

(Figure 2c) indicate failure events, which are also evident on the surface of the 

deformed sample (Figure 4a). At elevated temperature, such cracking did not occur for 

any used strain-rate, which is attributed to the higher dislocation mobility that helps 

reducing dislocation pile-ups causing local stress concentrations. The fact that 

cracking is not observed in pillars is attributed to the significant smaller number of large 

defects in the miniaturized sample volume [68]. 
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Overall, the SRJ tests as well as constant strain-rate deformation under uniaxial 

as well as multiaxial conditions revealed good comparability across all tested length-

scales and temperatures. 

 

Surface to volume considerations 
Globally, the flow stress is strongly dependent on microstructure, temperature 

and strain-rate, as shown in Figures 2 and 3. On a local scale, surface contributions, 

enhanced at small scales by an increase in surface-to-volume fraction, might cause 

differences in deformation behaviour and should also depend on the ratio of sample 

dimension to grain size [22-25]. In Figure 4 and Figure 5, the local surface 

appearances are compared for different testing techniques. The detail in Figure 4b 

shows surface regions of ufg pillars at 230°C, where grains were pushed out of the 

sample surface due to high local deformation. Comparing the surface evolution with 

RT data, the temperature has no pronounced influence on the appearance of the 

surface. Considering the sxx case in Figure 4c, thermal activation causes a more 

localized deformation at elevated temperature [38], which is attributed to a more fcc-

like slip behaviour. 

Changing the applied stress state from uniaxial loading to multiaxial loading in 

nanoindentation, comparable observations were made on the residual impressions in 

ufg and sxx samples, as shown in Figure 5. In both cases of Cube Corner indentation, 

a pile-up formation with distinct differences in their appearance is observed. While slip 

lines are observed on the sxx sample surface in Figure 5b, grains partly emerge from 

the plastically deformed surface region in the ufg case. The residual surface topology 

increases with the amount of imposed strain (Berkovich 8%, Cube Corner 20%). No 

pronounced temperature effects were observed, as confirmed by an exemplary 

Berkovich impression performed at 300°C (Fig. 5a). Comparison with uniaxial in-situ 

pillar-compression experiments at RT and 230°C, at the same amount of plastic strain 

(Figure 5c and d), indicates almost no emergence of grains at ~8% global plastic strain. 

However, after ~20% strain (Figure 5c and d) several grains in the deforming areas 

were pushed out of the sample surface. This implies that the amount of applied strain 

is the dominant factor controlling surface topology evolution, while the stress state 

seems to be of minor influence. Investigations of the pillar volume, as shown in 

Figure 6b, reveal differences at individual temperatures. In Figure 6b, images I and II 
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show the microstructure at RT and after annealing at 230°C, respectively. Grain growth 

occurred during thermal setup and sample alignment before mechanical loading. The 

grain aspect ratio was reduced according to Figure 6a. After compression, FIB cross 

sections of deformed pillars (Figure 6b,III and IV) reveal the compression induced 

reduction of grain height in highly deformed zones, indicated by red arrows. In 

undeformed zones at the pillar base, the grain aspect ratio remained constant as 

shown for the undeformed state in Figure 6b,I and II. It is interesting to note that GB 

sliding [11,12] seems not to be dominant, as more sliding would be expected for higher 

deformation temperatures. This observation will be addressed in more detail in the next 

chapter. 

 

 
Figure 6: a) Results of annealing experiments of the as-deformed material, corresponding decrease of 

grain aspect ratio and selected grain shape coefficients ξ. b) The microstructure of ufg pillars in the 

undeformed state at RT and 230°C (I,II) and the resulting microstructures after pillar compression (III, 

IV). 

 

Thermally activated deformation processes – from global to local flow behaviour 
To examine the underlying deformation mechanisms in more detail, strain-rate 

sensitivities, m, were calculated [69] for all testing techniques using  

 

𝑚 =
𝜕 ln 𝜎

𝜕 ln �̇�
      (1) 

 

at a representative strain of 8%. Results are presented in Figure 7a, where m of sxx 

and ufg Cr are plotted against Ttest. The obtained results are in good agreement with 

results on sxx [6] and cg Cr [1]. At RT, m for sxx (red) and ufg (blue) samples are 
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around 0.07 and 0.02, respectively. The reduced m for ufg samples compared to the 

sxx state is attributed to the higher athermal stress component, caused by dislocations 

interacting with GBs in the ufg states [6,7]. 

For sxx Cr, increasing Ttest leads to a continuous decrease of m in Figure 7a. 

Above Tc (grey-shaded area), m-values in the order of 10-3 are determined, indicating 

strain-rate insensitive fcc-like plasticity, where deformation is not governed by thermal 

activation of screw dislocations anymore. This behaviour is in good accordance with 

other studies [28,38,44], showing that overcoming Tc the thermally activated 

component diminishes. 

 

 
Figure 7: Evolution of the (a) strain-rate sensitivity m and (b) activation volume ν of sxx (red) as well as 

ufg (blue) samples with temperature, supported by model predictions of Conrad [18] (constant νath) and 

a modified model of Wu et al. [8] (𝜈𝑎𝑡ℎ = 𝑓(𝑇), additionally accounting for variable grain shape 

coefficients). The grey-shaded area indicates the critical temperature Tc of Cr. Some data [6] are taken 

with permission of Elsevier. 

 

In ufg samples, the general trend is significantly different from the sxx state. For 

temperatures below Tc, m slightly decreases due to increasing thermal activation, while 

interaction with GBs remains mostly unaffected. Overcoming Tc, m increases 

continuously with temperature. According to [6], this is mainly attributed to dislocation 

interactions with grain boundaries, as described also for ufg fcc metals [18,70]. An 
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additional contribution to the strain-rate sensitivity could stem from the reduction of the 

athermal stress contribution due to slight grain coarsening (see Figure 6). Thus, the 

overall m is a mixture of both, thermally activated dislocation-GB interactions and 

thermally activated grain coarsening. Notably, while the first contribution leads to an 

increasing m, the second one acts against it. 

For further insights and to consider the influence of applied stress states 

especially in the sxx state, the corresponding activation volumes, ν [71], at Ttest were 

calculated using 

 

𝜈 =
𝐶∙𝑘𝐵∙𝑇𝑡𝑒𝑠𝑡

𝑚∙𝜎
,      (2) 

 

where kB is the Boltzmann constant, and C a factor dependent on the microstructure. 

For ufg Cr, C was set to √3, based on the van Mises relation linking shear stress to 

normal stress in polycrystalline aggregates. For sxx samples, the factor √3 is valid for 

nanoindentation, since a multiaxial stress state is present. For uniaxial compression 

testing on sxx pillars, C was set to the inverse Schmid factor (1/0.45), which 

corresponds to deformation on the expected {110} <111> slip systems [28,35]. To 

compare values of ν, normalisation with the cubed Burger’s vector b (2.5 · 10-10 m for 

Cr [72]) is common practice. Results are presented in Figure 7b, where ν for sxx (red) 

and ufg samples (blue) are plotted against Ttest, respectively. For sxx samples at RT, 

ν is ~9 b³, and a slightly increased value of ~14 b³ is observed for ufg samples. This is 

attributed to dislocation segments involved in formation of a double kink to overcome 

the next Peierls potential [8,43]. Comparable ν for uniaxial bulk data have been already 

reported by Glebovsky and Brunner [4], Wu et al. [8], Wei et al. [33], Kim et al. [41] and 

Schneider et al. [43] for sxx W, nc Cr, ufg Fe and sxx Mo, respectively. Increasing 

thermal activation at higher temperatures leads to an increase of ν to ~30 b³ for both 

microstructures until Tc is reached. Overcoming Tc, ν still increases to values around 

300 b³ for sxx samples, indicative of a dislocation forest interaction process. In ufg 

samples, a rather constant ν of ~30 b³ is observed for testing temperatures close to or 

exceeding Tc, independent of stress state and length scale. It is argued that dislocation-

GB interactions dominate the deformation. The overall constant ν from 100°C to 400°C 

obtained by several testing techniques over various length scales further demonstrates 

that the deformation mechanism does not change, even though grain coarsening 
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occurred [73-75]. In other words, despite the vastly different surface-to-volume ratios 

probed by the different experiments, different length scales and stress states, the 

observed deformation mechanisms are governed mainly by dislocation-based 

plasticity. The rather constant values of m and ν with increasing strain, as shown in 

Figure 8a and b, further underline that the governing deformation mechanism does not 

change upon deformation, although with increasing amount of strain the dislocation 

density within the samples might vary, as evidenced from the differences in 

temperature dependent strain hardening behaviour as discussed in section 4.1. In 

literature, the initial dislocation densities of sxx and ufg bcc metals were reported to be 

~1010 m-2 and ~1014 to ~1015 m-2 [76], respectively. Comparable values of 9.6 · 1014 m-

2 and 3.5 · 1014 m-2 were reported for HPT deformed Nb and Ta, respectively [77]. 

Those differences might affect the flow stress values resulting in individual strength 

scaling behaviour in ufg compared to sxx samples, as reported in [78]. In the single 

crystal situation, the deformation behaviour is altered by substructure formation, as 

shown in pre-strained Ni samples [55] or during microstructural refinement by straining 

of copper crystals [79]. However, cell structures in the size range of 300 nm to 500 nm 

were reported. Indeed, in 160 nm sized grains, substructure formation is limited and 

GB’s act as sinks and sources for dislocations [8]. Only few mobile dislocations are 

expected within the grain interior. Therefore, the accumulation of dislocations in the 

grain interior has only a minor influence on the governing deformation mechanisms, 

especially at higher strain values, as shown in Figure 8. 

The standard deviations of m and ν are small for ufg samples but larger for sxx 

samples. As stochastic dislocation behaviour is more pronounced in the sxx case, load 

drops mainly contribute to this scatter. For the present as well as previous results at 

RT [78], no indication of diffusional deformation processes was found, since in that 

case one would expect m-values of 0.006 to 0.009 and ν-values of ~1b³ as reported 

for 30 nm sized bcc Fe [80] and 50 nm sized bcc Ta [81], respectively. 

Several attempts have been made to interpret the varying deformation 

mechanisms in fcc and bcc metals with respect to a varying grain size. The basic fcc 

model was established by Conrad [18] and considers a change in activation volume 

with grain size 

 
1

𝜈
=

1

𝜈∗ +
𝑀2∙𝐺∙𝑏

𝛼∙2∙𝜋∙𝐾𝐻−𝑃∙𝑑1 2⁄ ∙
1

𝜈𝑎𝑡ℎ
,     (3) 
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where M = 2.9 is the Taylor factor for Cr [8], G = 116 GPa is the shear modulus, 

α = 0.36, KH-P is the Hall-Petch coefficient of 1380 MPam1/2 for Cr [82], ν* is the 

activation volume related to thermal activation (see equation (2)) and νath was set as a 

constant activation volume related to athermal dislocation emission at a GB at constant 

temperature. ν* varies with temperature, as the lattice friction stress (~50 MPa for Cr 

at RT [82,83]) diminishes with increasing thermal activation. The Conrad model was 

extended by Wu et al. [8] to estimate apparent m- and ν-values for polycrystalline 

aggregates, using 

 

𝜈𝑎𝑡ℎ = 𝜉 ∙ 𝑑 ∙ 𝑏2,     (4) 

 

where ξ is a grain shape coefficient which is constant for a certain temperature. Except 

equation (4), no further modifications of the fcc model were applied, as Conrad [18] 

already implemented a thermal stress component within the model to derive thermal 

activation volumes (ν*). Results obtained by Wu et al. [8] show that m-values of Cr and 

Fe at RT can be correctly predicted over a wide range of varying grain sizes, as both, 

the friction stress (thermal) and dislocation interaction with GB’s (athermal) contribute 

to the overall deformation. Moreover, the same requirements as mentioned for fcc 

metals hold true in bcc metals: the presence of intragranular dislocations restricted to 

their glide planes, dislocation pile-ups, and the absence of pronounced dislocation 

cells. 

Values for ξ in dependence of the grain shape are included in Figure 6a. In the 

present case, ξ is temperature-dependent, as the aspect ratio of initially elongated 

grains decreased with increasing Ttest, which was observed during the annealing 

approach (see section 4.1 and Figure 6a). Figure 7 presents Conrad’s model [18] (grey 

dashed lines) for the sxx as well as the ufg case and the extended model of Wu et al. 

[8] (red dashed lines for sxx and blue dashed lines for the ufg case). Grey lines and 

the grey dashed area represent the minima and maxima of m- and ν-values due to 

varying grain shapes. While both models fit for the sxx case, Conrad’s model neglects 

grain coarsening and the change of the grain aspect ratio during thermal setup. It 

therefore underestimates m at increasing temperatures for the ufg material. Modifying 

the model of Wu by taking into account not only the changing grain size, but also 

changing grain shape coefficients ranging from 0.025 (RT) to 0.003 (400°C) (see 
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Figure 6), the model fits the increasing m-values and low activation volumes at 

elevated temperatures well. 

 

 
Figure 8: Invariance of (a) strain-rate sensitivity m and (b) activation volume ν with respect to strain for 

individual uniaxial tests at variable temperatures for sxx and ufg Cr. The larger scatter in sxx values 

originates from stochastic dislocation behaviour. For colour interpretation, the reader is referred to the 

online version. 

 

Strain-rate sensitivity vs. interface fraction 
In Figure 9, the impact of different surface-to-volume ratios and number of 

involved interfaces on the determined strain-rate sensitivity is shown. Here, the number 

of grains across the plastic volume (magenta dashed line) and the fraction of grains 

which are affected by the sample surface (green dashed line) were estimated for 

different sample geometries during uniaxial and multiaxial testing. Therefore, grains 

were estimated to be of cylindrical shape with an aspect ratio of 3:1, typical for HPT 

deformation [36,78]. For rectangular-shaped samples an equivalent cylindrical sample 

diameter L was calculated. The number of grains contained in the plastic volume were 

estimated by calculating the sample volume and division by the before mentioned 

cylindrical-shaped grain volume. The fraction of grains which are affected by the 

sample surface were estimated using the specimen’s surface subtracted by the top 

and bottom faces which are in direct contact with the flat punch indenter and the bulk 

material. This lateral area was divided by the average cross-sectional area of a single 

grain. Considering the different indentations, a simplified hemispheric plastic zone [84] 
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after penetration to 2500 nm was taken into account for estimating the number of 

deformed grains per volume.  

 

 
Figure 9: Strain-rate sensitivity (black), number of grains in the plastic volume (magenta) and 

corresponding connectivity of surface grains (green), dependent on sample size-normalized 

characteristic dimension d/L. The grey-shaded area shows a transition zone where grains tend to 

emerge from the sample surface. ) – V) Corresponding stress-strain curves of pillars indicated. See 

text for more details. For colour interpretation, the reader is referred to the online version. 

 

The volume of the residual imprint was therefore subtracted from the hemispheric 

plastic zone. The remaining volume was further divided by the volume of a single grain, 

as mentioned before. To consider the surface connectivity of grains, the base area of 

the hemispheric plastic zone was subtracted by the triangle-shaped surface area of 

the residual imprints and divided by the average cross-sectional area of a single grain. 
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Based on this, a comparison of m-values (black), number of interfaces across the 

plastic volume (magenta), and fraction of surface-connected grains (green) is 

presented in Figure 9 as a function of the ratio between grain size vs. sample size d/L. 

The error bars indicate the resultant error which was derived by taking the standard 

deviation upon grain size estimation into account (d = 160 ± 51 nm). Also shown are 

representative stress-strain curves of different micro-pillars. 

The light blue area in Figure 9 indicates the macroscopic regime, where the 

sample size is much larger than the grain size. Only a diminishing fraction of grains is 

located directly at the sample surface, and no influence of near-surface grains is 

observed during deformation. Overcoming a d/L ratio of ~0.02, the amount of surface-

affected grains increases drastically. In this regime, indicated by the grey shaded area, 

grains noticeably emerge from the sample surface and might affect the deformation 

behaviour. Overcoming d/L values of ~0.1, ~50% of the grains touch the surface, and 

the grain size approaches the size of the plastic zone. For these states an sxx-like 

deformation behaviour is expected (yellow area). Notably, due to pillar aspect ratios of 

3:1 and the used representative grain diameter in this simplified model, a fully sxx 

sample volume is statistically reached for d/L ratios larger than 1.33. Below this, 

individual GBs might affect the plastic behaviour [85]. However, as long as 

crystallographic slip traces reveal no intersections with GBs or other internal obstacles 

[78], dislocations can glide through the crystal and exit on the pillar surface, 

corresponding to slip events in sxx pillars. Such characteristics are evident in 

representative stress-strain curves of small ufg pillars (Figure 9, -V), where 

serrations and load drops are commonly observed. For macroscopic experiments, a 

smooth flow behaviour (Figure 9, ) due to the large number of grains in the sample 

volume and m-values of ~0.02 are observed. Increasing the fraction of surface grains 

leads to a slight decrease of m to ~0.014 and serrated flow arises in the stress-strain 

curves (Figure 9,  and ). This is explained by slip events in individual grains. The 

scatter within evaluated m-values for such pillar sizes is quite large compared to bulk 

or sxx samples, because deformation is strongly affected by the local microstructure 

and crystal orientation. Figure 9, image  shows a 250 nm ufg pillar deformed in a 

uniaxial SRJ test [14,86]. Due to the stochastic deformation, the strain-rate jumps are 

hard to visualize and therefore marked with vertical dashed lines. Further increasing 

d/L ratios leads to a decreased scatter regarding m, as the probability for dislocations 
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interacting with individual GBs is decreased, until m of sxx bulk samples and 

corresponding stress-strain curves (Figure 9 V) are obtained. 

 

B5 - Summary & Conclusion 
The effect of temperature, stress state and strain-rate on the mechanical 

behaviour of ultrafine-grained (ufg) Cr was examined, spanning from the sub-micron 

regime by uniaxial pillar-compression and multiaxial advanced nanoindentation testing 

to macroscopic uniaxial compression experiments. Results in terms of temperature-

dependent flow behaviour, strain-rate sensitivity and corresponding activation volume 

agree well within the different experimental techniques, demonstrating that length 

scales and stress states have only minor influence on the overall deformation. The 

main conclusions can be summarized as followed: 

(I) Flow characteristics for room temperature deformation of ufg Cr agree well 

within the different techniques. The decrease of the flow stress above Tc mainly results 

from temperature induced grain coarsening during heating of the compression device. 

The decrease of the thermal stress contribution is of minor importance. 

(II) Deformation of single-crystalline samples is dominated by the Peierls potential 

up to the critical temperature Tc. Overcoming this temperature, the thermally activated 

component to the flow stress diminishes and a strain-rate insensitive behaviour with 

further increasing activation volumes is observed. 

(III) Up to ~0.87 · Tc, ufg samples deform by the thermally activated motion of screw 

dislocations, where the thermal stress contribution decreases with increasing 

temperature. This leads to a slight reduction of the strain-rate sensitivity. 

(IV) Exceeding Tc, constant activation volumes and increasing m-values for ufg Cr 

are indicative for dislocation-grain boundary interactions as the dominant deformation 

mechanism. Grain coarsening due to annealing and a change in grain aspect ratio lead 

to a slight decrease of the activation volume, especially at elevated temperatures. 

(V) The amount of implied strain during deformation shows significantly more 

influence on emerging surface grains than the stress state or the deformation 

temperature. The strain rate sensitivity and the activation volume remain constant with 

increasing strain indicating no changes in deformation mechanism. Grain boundary 

sliding has not been observed. 
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(VI) By extending existing models to incorporate the evolution of grain size and grain 

shape, the deformation mechanism characteristics m and ν in ufg Cr have been 

successfully modelled for varying temperatures. 

(VII) A transition in m is observed from a polycrystalline behaviour to an sxx situation, 

which is controlled by the amount of interfaces in the tested volume. Free surfaces and 

stress states are of minor concern. 

With these novel insights, we hope to contribute to a better understanding of the 

size-dependent interplay between grain boundaries and sample dimensions and their 

influence on the deformation of bcc metals over several length scales. For future 

investigations, it would be of interest to discriminate the individual contributions of 

dislocation- grain boundary interaction and grain growth to the total strain-rate 

sensitivity. 

 

B - References 
[1] M.J. Marcinkowski, H.A. Lipsitt, The plastic deformation of Chromium at low 

temperatures, Acta Metall. 10 (1962) 95–111. 

[2] J. Weertman, Creep of polycrystalline Aluminium as determined from strain rate 

tests, J. Mech. Phys. Solids. 4 (1956) 230–234. 

[3] A.S. Argon, S.R. Maloof, Plastic deformation of tungsten single crystals at low 

temperatures, Acta Metall. 14 (1966) 1449–1462. 

[4] D. Brunner, V. Glebovsky, Analysis of flow-stress measurements of high purity 

tungsten single crystals, Mater. Lett. 44 (2000) 144–152. 

[5] H.W. Höppel, J. May, P. Eisenlohr, M. Göken, Strain rate sensitivity of ultrafine-

grained materials, Z. Met. 96 (2005) 566–571. 

[6] V. Maier, A. Hohenwarter, R. Pippan, D. Kiener, Thermally activated deformation 

processes in body-centered cubic Cr - How microstructure influences strain-rate 

sensitivity, Scr. Mater. 106 (2015) 42–45. 

[7] V. Maier, C. Schunk, M. Göken, K. Durst, Microstructure-dependent deformation 

behaviour of bcc-metals - indentation size effect and strain rate sensitivity, Philos. 

Mag. 95 (2015) 1766–1779. 

[8] D. Wu, X.L. Wang, T.G. Nieh, Variation of strain rate sensitivity with grain size in 

Cr and other body-centred cubic metals, J. Phys. D. Appl. Phys. 47 (2014) 

175303. 



  Publication B 

 
120 

 

[9] M.A. Meyers, A. Mishra, D.J. Benson, Mechanical properties of nanocrystalline 

materials, Prog. Mater. Sci. 51 (2006) 427–556. 

[10] M.D. Uchic, D.M. Dimiduk, J.N. Florando, W.D. Nix, Sample Dimensions 

Influence Strength and Crystal Plasticity, Science 305 (2004) 986–989. 

[11] N.Q. Chinh, T. Csanadi, J. Gubicza, R.Z. Valiev, B.B. Straumal, T.G. Langdon, 

The effect of grain boundary sliding and strain rate sensitivity on the ductility of 

ultrafine-grained materials, MSF. 667–669 (2010) 677–682. 

[12] T.G. Langdon, Grain boundary sliding revisited: Developments in sliding over four 

decades, J. Mater. Sci. 41 (2006) 597–609. 

[13] M.F. Ashby, The deformation of plastically non-homogeneous materials, Philos. 

Mag. 21 (1970) 399–424. 

[14] V. Maier, K. Durst, J. Mueller, B. Backes, H.W. Höppel, M. Göken, 

Nanoindentation strain-rate jump tests for determining the local strain-rate 

sensitivity in nanocrystalline Ni and ultrafine-grained Al, J. Mater. Res. 26 (2011) 

1421–1430. 

[15] J. Wehrs, G. Mohanty, G. Guillonneau, A. Taylor, X. Maeder, D. Frey, L. Philippe, 

S. Mischler, J.M. Wheeler, J. Michler, Comparison of In Situ Micromechanical 

Strain-Rate Sensitivity Measurement Techniques, JOM. 67 (2015) 1684–1693. 

[16] J. Alkorta, J.M. Martínez-Esnaola, J.G. Sevillano, Critical examination of strain-

rate sensitivity measurement by nanoindentation methods: Application to 

severely deformed niobium, Acta Mater. 56 (2008) 884–893. 

[17] J. May, H.W. Höppel, M. Göken, Strain rate sensitivity of ultrafine-grained 

aluminium processed by severe plastic deformation, Scr. Mater. 53 (2005) 189–

194. 

[18] H. Conrad, Plastic deformation kinetics in nanocrystalline FCC metals based on 

the pile-up of dislocations, Nanotechnology. 18 (2007) 1–8. 

[19] J.Y. Zhang, G. Liu, J. Sun, Strain rate effects on the mechanical response in 

multi- and single-crystalline Cu micropillars: Grain boundary effects, Int. J. Plast. 

50 (2013) 1–17. 

[20] J.Y. Zhang, X. Liang, P. Zhang, K. Wu, G. Liu, J. Sun, Emergence of external 

size effects in the bulk-scale polycrystal to small-scale single-crystal transition: A 

maximum in the strength and strain-rate sensitivity of multicrystalline Cu 

micropillars, Acta Mater. 66 (2014) 302–316. 



Publication B 

 
121 

 

[21] J. May, H.W. Höppel, M. Göken, Strain Rate Sensitivity of Ultrafine Grained FCC- 

and BCC-Type Metals, Mater. Sci. Forum. 503–504 (2006) 781–786. 

[22] C. Keller, E. Hug, X. Feaugas, Microstructural size effects on mechanical 

properties of high purity nickel, Int. J. Plast. 27 (2011) 635–654. 

[23] X.X. Chen, A.H.W. Ngan, Specimen size and grain size effects on tensile strength 

of Ag microwires, Scr. Mater. 64 (2011) 717–720. 

[24] B. Yang, C. Motz, M. Rester, G. Dehm, Yield stress influenced by the ratio of wire 

diameter to grain size - a competition between the effects of specimen 

microstructure and dimension in micro-sized polycrystalline copper wires, Philos. 

Mag. 92 (2012) 3243–3256. 

[25] P. Ghosh, A.H. Chokshi, Size Effects on Strength in the Transition from Single-

to-Polycrystalline Behavior, Metall. Mater. Trans. A. 46 (2015) 5671–5684. 

[26] Y. Cui, G. Po, N. Ghoniem, Temperature insensitivity of the flow stress in body-

centered cubic micropillar crystals, Acta Mater. 108 (2016) 128–137. 

[27] R. Huang, Q.-J. Li, Z.-J. Wang, L. Huang, J. Li, E. Ma, Z.-W. Shan, Flow stress 

in submicron bcc iron single crystals: Sample-size-dependent strain-rate 

sensitivity and rate-dependent size strengthening, Mater. Res. Lett. (2015) 1–7. 

[28] B. Sestak, A. Seeger, Gleitung und Verfestigung in kubisch-raumzentrierten 

Metallen und Legierungen, Zeitschrift Für Met. 69 (1978) 195–202. 

[29] A. Seeger, The temperature and strain-rate dependence of the flow stress of bcc 

metals: A theory based on kink-kink interactions, Z. Met. 72 (1981) 369–380. 

[30] Q. Wei, T. Jiao, K.T. Ramesh, E. Ma, Nano-structured vanadium: processing and 

mechanical properties under quasi-static and dynamic compression, Scr. Mater. 

50 (2004) 359–364. 

[31] Q. Wei, T. Jiao, K.T. Ramesh, E. Ma, L.J. Kecskes, L. Magness, R. Dowding, V. 

Kazykhanov, R.Z. Valiev, Mechanical behavior and dynamic failure of high-

strength ultrafine grained tungsten under uniaxial compression, Acta Mater. 54 

(2005) 77–87. 

[32] Q. Wei, Z.L. Pan, X.L. Wu, B.E. Schuster, L.J. Kecskes, R.Z. Valiev, 

Microstructure and mechanical properties at different length scales and strain 

rates of nanocrystalline tantalum produced by high-pressure torsion, Acta Mater. 

59 (2011) 2423–2436. 



  Publication B 

 
122 

 

[33] Q. Wei, S. Cheng, K.T. Ramesh, E. Ma, Effect of nanocrystalline and ultrafine 

grain sizes on the strain rate sensitivity and activation volume: fcc versus bcc 

metals, Mater. Sci. Eng. A. 381 (2004) 71–79. 

[34] Q. Wei, Strain rate effects in the ultrafine grain and nanocrystalline regimes - 

influence on some constitutive responses, J Mater Sci. 42 (2007) 1709–1727. 

[35] Q. Zhou, J. Zhao, J.Y. Xie, F. Wang, P. Huang, T.J. Lu, K.W. Xu, Grain size 

dependent strain rate sensitivity in nanocrystalline body-centered cubic metal thin 

films, Mater. Sci. Eng. A. 608 (2014) 184–189. 

[36] R. Pippan, S. Scheriau, A. Taylor, M. Hafok, A. Hohenwarter, A. Bachmaier, 

Saturation of Fragmentation During Severe Plastic Deformation, Annu. Rev. 

Mater. Res. 40 (2010) 319–343. 

[37] R.Z. Valiev, R.K. Islamgaliev, I. V Alexandrov, Bulk nanostructured materials from 

severe and plastic deformation, Prog. Mater. Sci. 45 (2000) 103–189. 

[38] O. Torrents Abad, J.M. Wheeler, J. Michler, A.S. Schneider, E. Arzt, 

Temperature-dependent size effects on the strength of Ta and W micropillars, 

Acta Mater. 103 (2016) 483–494. 

[39] A.S. Schneider, D. Kaufmann, B.G. Clark, C.P. Frick, P.A. Gruber, R. Mönig, O. 

Kraft, E. Arzt, Correlation between Critical Temperature and Strength of Small-

Scale bcc Pillars, Phys. Rev. Lett. 103 (2009) 105501/1-4. 

[40] M.D. Uchic, P.A. Shade, D.M. Dimiduk, Plasticity of Micrometer-Scale Single 

Crystals in Compression, Annu. Rev. Mater. Res. 39 (2009) 361–386. 

[41] J.-Y. Kim, D. Jang, J.R. Greer, Tensile and compressive behavior of tungsten, 

molybdenum, tantalum and niobium at the nanoscale, Acta Mater. 58 (2010) 

2355–2363. 

[42] A.S. Schneider, C.P. Frick, B.G. Clark, P.A. Gruber, E. Arzt, Influence of 

orientation on the size effect in bcc pillars with different critical temperatures, 

Mater. Sci. Eng. A. 528 (2011) 1540–1547. 

[43] A.S. Schneider, B.G. Clark, E. Arzt, C.P. Frick, P.A. Gruber, Effect of orientation 

and loading rate on compression behavior of small-scale Mo pillars, Mater. Sci. 

Eng. A. 508 (2009) 241–246. 

[44] A.S. Schneider, C.P. Frick, E. Arzt, W.J. Clegg, S. Korte, Influence of test 

temperature on the size effect in molybdenum small-scale compression pillars, 

Philos. Mag. Lett. 93 (2013) 331–338. 



Publication B 

 
123 

 

[45] S. Wurster, R. Treml, R. Fritz, M.W. Kapp, E.-M. Langs, M. Alfreider, C. Ruhs, 

P.J. Imrich, G. Felber, D. Kiener, Novel methods for the site specific preparation 

of micromechanical structures, Prakt. Met. Sonderband. 46 (2014) 27–36. 

[46] D. Kiener, C. Motz, G. Dehm, Micro-compression testing: A critical discussion of 

experimental constraints, Mater. Sci. Eng. A. 505 (2009) 79–87. 

[47] J.M. Wheeler, J. Michler, Elevated temperature, nano-mechanical testing in situ 

in the scanning electron microscope, Rev. Sci. Instrum. 84 (2013) 45103. 

[48] R. Fritz, D. Kiener, Development and Application of a Heated In-situ SEM Micro-

Testing Device, Measurement. 110 (2017) 356–366. 

[49] V. Maier, A. Leitner, R. Pippan, D. Kiener, Thermally Activated Deformation 

Behavior of ufg-Au: Environmental Issues During Long-Term and High-

Temperature Nanoindentation Testing, JOM. 67 (2015) 2934–2944. 

[50] W.C. Oliver, G.M. Pharr, An improved technique for determining hardness and 

elastic modulus using load and displacement sensing indentation experiments, J. 

Mater. Res. 7 (1992) 1564–1583. 

[51] D. Tabor, The Hardness of Metals, OUP Oxford, Oxford UK, 1951. 

[52] D.I. Bolef, J. De Klerk, Anomalies in the Elastic Constants and Thermal 

Expansion of Chromium Single Crystals, Phys. Rev. 129 (1963) 1063–1067. 

[53] W.D. Nix, H. Gao, Indentation size effects in crystalline materials: a law for strain 

gradient plasticity, J. Mech. Phys. Solids. 46 (1998) 411–425. 

[54] E. Arzt, Size effects in materials due to microstructural and dimensional 

constraints: a comparative review, Acta Mater. 46 (1998) 5611–5626. 

[55] A.S. Schneider, D. Kiener, C.M. Yakacki, H.J. Maier, P.A. Gruber, N. Tamura, M. 

Kunz, A.M. Minor, C.P. Frick, Influence of bulk pre-straining on the size effect in 

nickel compression pillars, Mater. Sci. Eng. A. 559 (2013) 147–158. 

[56] A. Leitner, V. Maier-Kiener, D. Kiener, Extraction of Flow Behavior and Hall-Petch 

Parameters Using a Nanoindentation Multiple Sharp Tip Approach, Adv. Eng. 

Mater. (2016) 1–9. 

[57] G.M. Cheng, W.W. Jian, W.Z. Xu, H. Yuan, P.C. Millett, Y.T. Zhu, Grain Size 

Effect on Deformation Mechanisms of Nanocrystalline bcc Metals, Mater. Res. 

Lett. 1 (2013) 26–31. 

[58] L. Prandtl, Über die Härte plastischer Körper, Nachrichten von Der Gesellschaft 

Der Wissenschaften Zu Göttingen, Math. Klasse. 1920 (1920) 74–85. 



  Publication B 

 
124 

 

[59] A.G. Atkins, D. Tabor, Plastic Indentation in metals with cones, J. Mech. Phys. 

Solids. 13 (1965) 149–164. 

[60] K.L. Johnson, The correlation of indentation experiments, J. Mech. Phys. Solids. 

18 (1970) 115–126. 

[61] A. Bolshakov, G.M. Pharr, Influences of pileup on the measurement of 

mechanical properties by load and depth sensing indentation techniques, J. 

Mater. Res. 13 (1998) 1049–1058. 

[62] J.L. Hay, W.C. Oliver, A. Bolshakov, G.M. Pharr, Using the ratio of loading slope 

and elastic stiffness to predict pile-up and constraint factor during indentation, in: 

MRS Proc., 1998: p. 101. 

[63] S.-D. Mesarovic, N.A. Fleck, Spherical indentation of elastic-plastic solids, Proc. 

R. Soc. London A Math. Phys. Eng. Sci. 455 (1999) 2707–2728. 

[64] S. Shim, J. Jang, G.M. Pharr, Extraction of flow properties of single-crystal silicon 

carbide by nanoindentation and finite-element simulation, Acta Mater. 56 (2008) 

3824–3832. 

[65] E.O. Hall, The Deformation and Ageing of Mild and Steel: III and Discussion of 

Results, Proc. Phys. Soc. B. 64 (1951) 747–753. 

[66] N.J. Petch, The cleavage strength of polycrystals, J. Iron Steel Inst. 174 (1953) 

25–28. 

[67] O.L. Warren, S.A. Downs, J. Wyrobek, Challenges and interesting observations 

associated with feedback-controlled nanoindentation, Z. Met. 95 (2004) 287–296. 

[68] T. Klünsner, S. Wurster, P. Supancic, R. Ebner, M. Jenko, J. Glätzle, A. Püschel, 

R. Pippan, Effect of specimen size on the tensile strength of WC-Co hard metal, 

Acta Mater. 59 (2011) 4244–4252. 

[69] E.W. Hart, Theory of the tensile test, Acta Metall. 15 (1967) 351–355. 

[70] H. Conrad, Grain-size dependence of the flow stress of Cu from millimeters to 

nanometers, Metall. Mater. Trans. A. 35 (2004) 2681–2695. 

[71] G.B. Gibbs, The Thermodynamics of thermally-activated dislocation glide, Phys. 

Stat. Sol. 10 (1960) 507–512. 

[72] C.P. Brittain, R.W. Armstrong, G.C. Smith, Hall-Petch Dependence for ultrafine 

grain size electrodeposited Chromium, Scr. Metall. 19 (1985) 89–91. 

[73] D.S. Gianola, S. Van Petegem, M. Legros, S. Brandstetter, H. Van Swygenhoven, 

K.J. Hemker, Stress-assisted discontinuous grain growth and its effect on the 



Publication B 

 
125 

 

deformation behavior of nanocrystalline aluminum thin films, Acta Mater. 54 

(2006) 2253–2263. 

[74] F. Mompiou, M. Legros, Quantitative grain growth and rotation probed by in-situ 

TEM straining and orientation mapping in small grained Al thin films, Scr. Mater. 

99 (2015) 5–8. 

[75] H.W. Höppel, Mechanical properties of ultrafine grained metals under cyclic and 

monotonic loads: An Overview, Mater. Sci. Forum. 503–504 (2006) 259–266. 

[76] D. Wu, T.G. Nieh, Incipient plasticity and dislocation nucleation in body-centered 

cubic chromium, Mater. Sci. Eng. A. 609 (2014) 110–115. 

[77] B. Joni, E. Schafler, M. Zehetbauer, G. Tichy, T. Ungar, Correlation between the 

microstructure studied by X-ray line profile analysis and the strength of high-

pressure-torsion processed Nb and Ta, Acta Mater. 61 (2013) 632–642. 

[78] R. Fritz, D. Lutz, V. Maier-Kiener, D. Kiener, Interplay between Sample Size and 

Grain Size: Single Crystalline vs. Ultrafine-grained Chromium Micropillars, Mater. 

Sci. Eng. A. 674 (2016) 626–633. 

[79] K. Wang, N.R. Tao, G. Liu, J. Lu, K. Lu, Plastic strain-induced grain refinement 

in the nanometer scale in a Mg alloy, Acta Mater. 54 (2006) 5281–5291. 

[80] T.R. Malow, C.C. Koch, P.Q. Miraglia, K.L. Murty, Compressive mechanical 

behavior of nanocrystalline Fe investigated with an automated ball indentation 

technique, Mater. Sci. Eng. A. 252 (1998) 36–43. 

[81] J.P. Ligda, B.E. Schuster, Q. Wei, Transition in the deformation mode of 

nanocrystalline tantalum processed by high-pressure torsion, Scr. Mater. 67 

(2012) 253–256. 

[82] D. Wu, J. Zhang, J.C. Huang, H. Bei, T.G. Nieh, Grain-boundary strengthening in 

nanocrystalline chromium and the Hall-Petch coefficient of body-centered cubic 

metals, Scr. Mater. 68 (2013) 118–121. 

[83] H. Conrad, W. Hayes, Correlation of the Thermal Component of the Yield Stress 

of Body Centered Cubic Metals, Aerosp. Corp. 4 (1963) 33. 

[84] M. Mata, O. Casals, J. Alcala, The plastic zone size in indentation experiments: 

The analogy with the expansion of a spherical cavity, Int. J. Solids Struct. 43 

(2006) 5994–6013. 



  Publication B 

 
126 

 

[85] P.J. Imrich, C. Kirchlechner, D. Kiener, G. Dehm, In Situ TEM Microcompression 

of Single and Bicrystalline Samples: Insights and Limitations, Jom. 67 (2015) 

1704–1712. 

[86] J.M. Wheeler, C. Niederberger, C. Tessarek, S. Christiansen, J. Michler, 

Extraction of plasticity parameters of {GaN} with high temperature, in situ micro-

compression, Int. J. Plast. 40 (2013) 140–151. 

 

 

 

 

 

 

  



 

 

 



 

 
 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

 

Publication C 
Development and Application  

of a Heated In-situ SEM Micro-Testing Device 
 

R. Fritz1, D. Kiener1 

Measurement 110 (2017) 356-366 

 

 

 

 

 
1 Department Materials Physics, Montanuniversität Leoben, Leoben, Austria 



 

 
 

 

 

 

 

 

 

 
  



  Publication C 

 
130 

 

C - Abstract 
Understanding temperature-dependent deformation behaviour of small material 

volumes is a key issue in material science, especially the deformation behaviour of bcc 

metals at elevated temperatures is of particular interest for small-scale structural 

applications. Therefore, a custom-built heating device consisting of independently 

resistive-heated sample and indenter, and adaptable to existing micro-indenters, is 

presented. Key parameters of material selection, design of components and 

temperature control are outlined. Testing temperatures ranging from room temperature 

up to ~300°C are reached with low drift and without active cooling. To demonstrate the 

functionality, a variety of in-situ SEM micromechanical experiments were conducted at 

room temperature and 230°C, respectively. Examples of micro-pillar compression on 

single crystalline and ultrafine-grained Chromium, as well as notched cantilever 

fracture experiments on ultrafine-grained Chromium show assets of this powerful tool, 

allowing more detailed insights into temperature-dependent deformation and fracture 

behaviour. 

 

C1 - Introduction 
Measurement techniques to determine small-scale deformation behaviour at 

elevated temperature are increasing in popularity since several years. Initially, ex-situ 

nanoindentation techniques at elevated temperature [1-3] were used to determine 

mechanical properties such as Hardness or Young’s Modulus of a large variety of 

materials [4-7], and further enhanced to investigate incipient plasticity [8-10]. By 

increasing test temperatures, the complexity of instrumental setups increased ensuing 

the purpose of minimizing thermal drift and oxidation problems [1,5,11]. To reduce such 

inaccuracies, several attempts are reported in literature. Exemplary, testing equipment 

is purged with inert gases [12-15] or relocated into a vacuum chamber [16-20] to 

minimize remaining impurities in the atmosphere or to reduce thermal drift and noise. 

Parallel to the ongoing development of ex-situ nanoindentation experiments at 

elevated temperature, in-situ testing techniques inside a scanning electron microscope 

(SEM) performed at room temperature (RT) became popular [21-22]. By combining 

instrumented small-scale indentation techniques with the advantages of an SEM, such 

as high vacuum, vibration damping and direct observation of dynamic processes, a 
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powerful tool to investigate material behaviour in-situ at non-ambient conditions 

became available [17-19]. Wheeler et al. [23] were the first to report about an advanced 

in-situ SEM measurement approach up to 200°C. Initially, the system was used to 

perform in-situ nanoindentation experiments on bulk metallic glasses utilizing a cube 

corner indenter to correlate measured load-displacement curves with surface shear 

offset displacements as a function of temperature. However, independent heating and 

temperature monitoring of sample and indenter was shown to be mandatory [11,24], 

as temperature gradients are responsible for drift issues. Heating of sample and 

indenter might be achieved by resistive [11,16,24] or laser heating equipment [25,26]. 

To reach temperatures above 300°C, a cooling system to minimize thermal drift would 

be necessary [11,24]. 

Once the device operates stable at elevated temperature, attention has to be paid 

to temperature calibration and balancing issues. To calibrate contact temperatures, 

Wheeler et al. [27] discussed several potential ways to assess unavoidable thermal 

gradients within the limited hot zone. One approach is to indent the respective 

thermocouples used for temperature monitoring and to measure thermal drift by the 

use of a pre-set dwell time. Besides that, Raman spectroscopy was suggested as a 

non-contact technique and an accuracy of ±10°C was reported [27]. Additionally, a 

temperature matching procedure [24] placing sample and indenter into contact was 

developed to balance isothermal contact temperatures, instead of measuring 

displacement drift as conducted in earlier approaches [11]. 

Nowadays, in-situ platforms with temperature ranges spanning from -140°C [28-

31] up to 800°C [26] are available. Constraints such as condensation of moisture for 

low temperature testing and oxidation issues at elevated temperature have to be taken 

into account. With that in mind, ex-situ or in-situ investigation of temperature-

dependent material behaviour became widely accessible. Due to the limited availability 

of heatable in-situ SEM testing devices, most of the literature up to now deals with ex-

situ nanoindentation [32,33] and pillar compression inside a vacuum chamber [34]. 

Only a few reports about in-situ investigations to study temperature dependent material 

behaviour were conducted on bcc [34], fcc [35] or hcp metals [36]. 

To further explore thermally activated deformation processes in bcc metals and 

to correlate instrumented testing data with occurring deformation mechanisms on 

small-scaled samples, this work describes the development, and first experiments on 



  Publication C 

 
132 

 

a custom-built in-situ heating device which can be re-fitted to an existing micro-indenter 

in an SEM. Special focus is put to material selection, efficient design of components 

and temperature control. Moreover, finite element simulations were conducted to get 

knowledge about unavoidable temperature gradients. The capabilities of the described 

system are exemplarily shown by performing in-situ micro compression tests on taper-

free, single crystalline (sxx) and ultrafine-grained (ufg) Cr pillars, as well as notched 

cantilever fracture experiments on ufg Cr to evaluate fracture toughness values 

between RT and 300°C. Moreover, obtained flow stress data were compared with 

results obtained from macroscopic tests and served to validate experiments. 

 

C2 - Materials and methods 

SEM and attached micro-indenter 
The utilized indenter positioning system is attached to the chamber of an SEM 

(Zeiss LEO 982, Oberkochen, Germany, Figure 1a) to save operational space. Several 

flanges for signal feedthroughs (indenter control, power supply, thermocouples) are 

provided on the wall of the vacuum chamber door. An Everhart Thornley Detector (SE-

detector) as well as an In-Lens detector are installed for imaging purposes and an 

attached plasma cleaner (XEI Scientific Inc., Redwood City, USA) is available to 

remove organic residues. The sample is mounted on a separately controlled stage 

(Figure 1b) and the UNAT-SEM micro-indenter (Zwick GmbH & Co. KG, Ulm, 

Germany) used for testing is shown in detail in Figure 1c, already modified by the 

heating device. Initially, this micro-indenter was first described in [17]. In the present 

setup of the SEM, four axes (x1, y1, z1, r1) allow to position the sample to coincide with 

the electron beam (Figure 1b). In-plane alignment is achieved by x1 and y1, z1 is used 

to adapt the working distance and r1 allows to rotate the sample to align it with the 

indenter loading axis. Four axes on the indenter side (x2, y2, z2, r2) allow to position the 

indenter into the electron beam (Figure 1c). x2 and y2 are necessary for in-plane 

positioning, z2 and r2 for adapting the desired working distance and inclination angle. 

The ranges of indenter and sample movement are summarized in Table 1. 

  



Publication C 

 
133 

 

Material selection 
To develop an in-situ heating device, material selection for all components is of 

major importance. As the heating device operates in vacuum atmosphere, materials 

with considerably high vapour pressure and a sufficient service temperature are 

crucial. Service temperature in this context describes the maximum temperature where 

a material can be used for an extended time period without significant deformation, 

oxidation, chemical reactions, loss of strength or creep, or other primary properties for 

which the material is normally used [37]. 

 

 
Figure 1: Schematic of the present high temperature in-situ SEM testing setup. (a) Adapted SEM with 

cap (right) containing the micro-indenter and positioning stage. SEM stage (b) and micro-indenter (c), 

adapted with custom-built heating devices. Red arrows indicate available positioning axes. (d) Detail of 

heated parts inside the SEM chamber.  

 

Only non-magnetic materials are advised inside an SEM, and diffusional 

processes and chemical reactions must be taken into account when sample and 

indenter get in contact at elevated temperature [3]. Moreover, the coefficient of thermal 
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expansion (CTE) should be in the same range for materials which are in direct contact. 

There is high demand for minimized material volumes to enable localized heating to 

permit fast heating rates, as well as requirements regarding operational space inside 

the SEM (working distance ~5 mm). Figure 1d shows a detail of heated parts within 

the SEM chamber. The material selection process of each component is described 

below and material properties are listed in Table 2. 
 

Table 1: Motion ranges of the sample stage and indenter, as well as the specifications of the SEM and 

micro-indenter in the present setup 

SEM Micro-Indenter 
x1 ±75 mm x2 ~50 mm 
y1 ±75 mm y2 ~50 mm 
z1 ±25 mm z2 25 mm 
r1 360° r2 0 – 25° 

Filament type Field emission gun Max. displacement ±50 µm 
Acceleration 

voltage 1 – 30 kV Noise level of displacement 
measurement <1 nm 

Typical system 
vacuum 6 · 10-5 mbar Max. force ±500 mN 

Typical column 
vacuum 1 · 10-9 mbar Noise level of force 

measurement <10 µN 

 

Travel range of the piezo 
actuator >100 µm 

Maximum voltage of the 
piezo actuator 

-20 V to 
+120 V 

 

Wheeler et al. [3] summarized several benefits and disadvantages of indenter 

materials. To choose an appropriate one, reference [3] was used as a guideline for the 

selection process. Parameters such as oxidation resistance, high melting point as well 

as high Young’s Modulus and hardness are obligatory. High specific heat capacity (cp), 

electrical resistivity (R) as well as machinability are necessary, and therefore only a 

small number of eligible materials such as diamond, some carbides (B4C, SiC, WC), 

nitrides (cBN), oxides (Al2O3) and metal composites such as WC-Co remain suitable. 

Moreover, the increased diffusivity of dopants at elevated temperature has to be taken 

into account. A classic example regarding diffusional problems is the indentation of low 

carbon steel with metastable diamond [3] or indentation of pure tungsten with a WC 

indenter tip. As soon as indenter and sample are in contact, in both cases carbon might 

diffuse at elevated temperature from the carbon rich indenter side to the indented metal 
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as long as concentration gradients remain present. In the present case, Sapphire 

(Al2O3) was utilized as material for the flat punch indenter tip, shown in Figure 2a. 

Initially, a conductive Sapphire Berkovich indenter tip was obtained from Synton MDP 

AG (Nidau, Switzerland) to perform nanoindentation experiments. At a later time, the 

tip of the indenter was prepared to a flat punch by FIB milling (Zeiss LEO 1540 XP, 

Oberkochen, Germany) to its final dimensions of ~10 · 6 µm², as shown in Figure 2a. 

 
Table 2: Selected materials and decisive properties for the material selection process [37] 

Material Usage cp 
[𝐽 𝑘𝑔 ∙ 𝐾⁄ ] 

λ 
[𝑊 𝑚 ∙ 𝐾⁄ ] 

R 
[𝛺 ∙ 𝑐𝑚 ∙ 10−6] 

CTE 
[10−6 𝐾⁄ ] 

Tservice 

[°C] 
Mo Tip holder  255-275 129-147 5.2-6 4.8-5.5 1310 

V Sample 
holder 480-505 28-32 19-30 8-8.6 530 

Cu Power supply 
lines, clamps 383-387 390-398 1.91-1.95 16.8-16.9 360 

Constantan Resistive wire 410 23 0.49 13.5 600 

Macor Screw joints, 
insulation 774-805 1.4-1.56 1022-1024 12.7-13.2 730 

Ceramabond 
569 Adhesive - 20.5 - 7.6 1377 

Al2O3 Flat punch 790-800 20-25.6 1019-1021 8.8-9.2 1230 
WC Wedge 184-190 28-88 63.1-100 4.5-7.1 727 

 

To conduct micro cantilever fracture experiments, a WC wedge was mechanically 

ground and subsequently FIB-milled to its final shape. WC was chosen as one of the 

most stable indenter materials, although it can be vulnerable in combination with 

tungsten or iron at elevated temperature [3]. As shown in Figure 2b and c, the tip radius 

is ~500 nm and the length of the wedge is ~120 µm. 

To conduct micro cantilever fracture experiments, a WC wedge was mechanically 

ground and subsequently FIB-milled to its final shape. WC was chosen as one of the 

most stable indenter materials, although it can be vulnerable in combination with 

tungsten or iron at elevated temperature [3]. As shown in Figure 2b and c, the tip radius 

is ~500 nm and the length of the wedge is ~120 µm. 

The CTE of Sapphire and WC restrict the material selection of the indenter tip 

holder (Figure 1d), as they should equally expand during heating to minimize thermally 

induced stresses. Moreover, cp as well as thermal conductivity (λ) were maximized to 

bring and store thermal energy into the material. Only a few machinable metals such 
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as Ta, Mo, Nb, Zr, Cr and V remain suitable within these restrictions. Mo and V were 

chosen to be the material of choice for the indenter tip holder and the sample holder, 

respectively (see Table 2 and Figure 1d). As brazing and clamping of the miniaturized 

indenter tips is not straight forward to achieve, tips were instead glued to their holders 

using a high temperature adhesive (Ceramabond 569), which is a two component 

ceramic bond providing a service temperature of 1650°C. By increasing the amount of 

thinner, the viscosity of the glue was easily adjusted. A low viscosity in the present 

case was important, as the glue was sucked by capillary forces into the fitting of the 

indenter tip and the tip holder. Subsequently, the glue was cured in a convection oven 

for two hours at 94°C. 

 

 
Figure 2: Indenter tips suited for the heating device. (a) A 10 · 6 µm² sapphire flat punch and (b and c) 

a WC wedge having a length of ~120 µm, a tip radius of ~500 nm and an opening angle of ~30°. 

 

To mount the lamella-shaped, macroscopic samples [38,39] on the heatable 

sample holder (Figure 1d), they are fixed on the V holder by a screw made out of 

Macor ceramic. This ceramic is machinable, resists high temperatures and provides 

a low λ and high R. Common screws in the size of a few millimetres are usually made 

from brass or low alloyed, magnetic steels and are therefore not well suited. 

For exact temperature measurements, Type K (Chromel / Alumel) thermocouples 

with a temperature range of -200°C up to 1200°C were utilized and brazed close to 

sample and indenter tip (Figure 1d). An eutectoid 72Ag28Cu braze (Brazetec 7200, 

Ögussa GmbH, Vienna, Austria) providing a service temperature of 1300 K was used 

to fix the thermocouple at the indenter tip holder made out of Mo. Due to poor adhesion 

between the V sample holder and the eutectoid braze, an interlayer braze (Cu7Mn3Co, 
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Brazetec 21-68, Ögussa GmbH, Vienna, Austria) was first brazed on the surface of the 

sample holder. The thermocouple was subsequently fixed using the eutectoid braze to 

the sample holder. More importantly, the thermocouples were attached to the holders 

before the indenter was glued into its shaft, as the braze melts at about 1000°C. Zinc-

based brazes as well as brass holders were neglected in the material selection 

process, as zinc might evaporate at a relatively low vapour pressure and alter the 

heating device as well as the SEM interior. 

To reach a considerable high testing temperature, the resistive-heated filaments 

of choice must produce thermal energy efficiently. In the present case, filament wires 

had to be very flexible, as they need to be looped around the holders and stay in 

contact with them (Figure 1d). In fact, filaments were formed to coils to ease their 

placement over the holders. They are made out of Konstantan, a frequently used 

heating wire material having a wire diameter of 0.4 mm. It consists of 55% Cu, 44% Ni 

and 1% Mn. The Konstantan coils are connected by Cu clamps to thicker Cu wires 

that directly lead to the chamber feedthroughs. The Cu wires are insulated with ceramic 

beads (Tectra GmbH, Frankfurt, Germany). To further thermally insulate the tip shaft 

of the micro indenter from heat, a ceramic spacer made out of Macor is placed 

between the heated indenter tip and the indenter mechanics (Figure 1c and d). Further, 

the heated sample holder is mounted on a Macor spacer, which is fixed to the SEM 

stage to prevent heating, as shown in Figure 1b and d. 

 

Power- and temperature control 
To resistively heat sample and indenter separately inside the SEM, a TOE 8952-

20 dual-output DC power supply (Toellner Electronic Instruments GmbH, Herdecke, 

Germany) providing a voltage range of 0-20 V and a current range of 0-20 A was used. 

To properly measure the desired temperatures, thermocouples were connected to an 

USB TC-08 data logger (Pico Technology, St. Neots, UK) providing an accessible 

temperature range of -270°C to 1280°C. By converting voltage into temperature, 

sampling rates of up to 10 measurements per second are achieved. An automatic cold 

junction compensation is used to record corresponding temperatures at eight individual 

positions within the whole setup. Software control and temperature monitoring was 

implemented in LabView® (National Instruments Corp., Austin, Texas, USA), and 

temperature control was achieved using a PID feedback loop. An exemplary heating 
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procedure up to ~230°C, with sample and indenter being out of contact, is shown in 

Figure 3a. 

 

 
Figure 3: Representative heating procedure of sample and indenter. a) Stable heating to the desired 

temperature and subsequent cooling to RT is possible within 90 min. b) After ~30 min, a constant 

temperature is achieved. c) Temperatures can be adjusted with an accuracy of ~0.1°C. 

 

Within 30 minutes, a constant and stable temperature at both thermocouples is 

achieved, while the accuracy of the controlled temperatures is ±0.1°C, as shown in 

Figure 3b and c. The situation of heated sample and indenter in contact requires 

temperature calibration and matching for various reasons [27]. Unfortunately, it is not 

possible to directly braze thermocouples on the micron-sized samples or the indenter. 

Holders, samples and indenters are made out of different materials, and therefore 

exact temperature measurements are not possible. Wheeler et al. [3,24,27] suggested 

individual temperature calibration techniques as well as a temperature matching 

procedure, which is recommended before testing at elevated temperature. For further, 

more detailed information about temperature calibration, different to previous 

assessments we also utilized simulation approaches, as described in section 2.4. 
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Temperature calibration by numerical simulation 
The full experimental setup was recreated true to original data in 3D using a CAD 

program. The geometry was loaded into the finite element program Abaqus (Dassault 

Systems, Providence, RI, USA) to conduct heat flow calculations. A biased mesh size 

was used with a coarser mesh for larger, less significant parts, while for micron-sized 

parts a very fine mesh has been utilized. Material properties used in the calculations 

are shown in Table 2. Moreover, convection within the vacuum chamber was neglected 

and characteristic radiation properties of each material as suggested in [37] were 

chosen. Sample and indenter were first placed out of contact and separately heated, 

as shown in Figure 4. A constant, direct current and independent powers (P) at the 

sample and indenter side were used to reach constant temperatures (268°C) at the 

marked positions of the thermocouples after a heating time of 3600 s. Positions of 

thermocouples at the sample and the indenter holder are indicated in Figure 4 as 𝑇1
𝑆 

and 𝑇1
𝐼, respectively. Resulting temperature gradients are presented as colour code in 

Figure 4, indicating different absolute temperatures at the sample and the indenter tip. 

Those differences are of major importance and should be minimized when bringing 

sample and indenter in contact to perform elevated temperature experiments at 

minimum drift. 

 

 
Figure 4: Temperature distribution in heated parts inside the SEM. Temperature at individual 

thermocouples at sample (𝑇1
𝑆) and indenter (𝑇1

𝐼) is constant, but large temperature gradients and 

differences in absolute temperature at the sample and the indenter tip are observed. 
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This situation is shown in Figure 5a, where a flat punch indenter is in contact with 

a 1 µm sized pillar. The details of the contact situation are shown in Figure 5b. A large 

temperature gradient occurs although temperatures of thermocouples 𝑇1
𝑆 and 𝑇1

𝐼 are 

equilibrated. This results in thermal as well as displacement drift. To get rid of such 

inaccuracies, a detailed knowledge of remaining temperature gradients and the 

absolute temperature at the sample and the indenter are necessary. 

 

 

Figure 5: Although the thermocouples 𝑇1
𝑆 and 𝑇1

𝐼 are at the same temperature (a), a large temperature 

gradient resulting in thermal drift occurs when bringing sample and indenter in contact (b). (c) Detail of 

the contact situation with a large temperature gradient. 

 

To underline the importance of temperature calibration, the material of the tested 

lamella-shaped specimens was varied and temperature gradients were analysed, as 

shown in Figure 6. 𝑇2
𝑆 and 𝑇3

𝑆 in Figure 6a and b indicate individual positions of 

temperature measurement on the specimen fixation and directly at the pillar. Design 

limitations such as the distances between heated parts, thermocouples and the 

sample, as well as sample geometry are of major influence of temperature gradients, 
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as shown in Figure 6b. By heating different specimens with varying λ such as Cu, W 

or Si, it becomes evident that samples with high thermal conductivity such as Cu allow 

lower temperature gradients compared to W or Si samples (Figure 6c). Nonetheless, 

within the present setup gradients up to 7°C and more are possible between 

thermocouple and specimen, as thermal properties strongly influence the temperature 

distribution. Thus, to ensure equilibrium temperatures, a procedure to match sample 

and indenter tip temperature is inevitable before each experiment. 

 

 
Figure 6: Influence of varying specimen material on temperature gradients. (a) and (b) indicate local 

temperature distribution and positions of temperature measurement, the gradient of which are reported 

in (c). 
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Temperature matching 
Figure 7a presents a temperature matching procedure as suggested in [24] 

conducted with the present setup. Thereby, sample and indenter are brought into 

contact several times and temperature shifts are analysed in a hold period at pre-

defined, constant low load to minimize creep influences. In the first contact situation, 

as shown in Figure 7a, the cold tip and the hot sample, for example, are not in 

equilibrium causing a temperature drop on a thermocouple as well as displacement 

drift. Contact situation two shows the same non-equilibrium condition for the opposite 

temperature misadjustment, exemplary shown for a cold sample and a hot indenter 

situation. To balance the contact temperature, this procedure has to be repeated until 

temperature change is minimized during contact, indicating zero temperature shift 

(Contact 3), where no detectable temperature difference between tip and sample is 

observed. This process can be linearly extrapolated to zero shift and is shown in 

Figure 7b. Subsequently, the setup is ready to perform experiments at the adjusted 

elevated temperature. 

 

 
Figure 7: (a) Exemplary temperature matching procedure to infer the isothermal contact temperature 

and (b) determining the zero-shift working temperature by linear extrapolation. The procedure was taken 

from [24]. 
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Material preparation 
An sxx Cr rod oriented in (100) was obtained from Mateck GmbH (Jülich, 

Germany) and the polycrystalline Cr was provided as sheet by Plansee SE (Reutte, 

Austria). The polycrystalline Cr was deformed via HPT [40,41] to reach an ufg 

microstructure. A pressure of 4.2 GPa at 200°C and a rotational speed of 0.5 rpm for 

50 rotations resulted in an equivalent strain of ~360 and a grain size of ~160 nm [42]. 

No pronounced texture, but slightly elongated grains with an aspect ratio of ~3:1 were 

observed in the as-deformed microstructure in axial direction. Wire cutting, sample 

polishing and ion milling [38,39] as well as FIB preparation of the non-tapered pillars 

using milling currents of 1 nA and 100 pA for rough cutting and final polishing, 

respectively, were used. Pillar fabrication with a size range of ~0.2 µm to 6 µm and an 

aspect ratio of 3:1 was initially described in [39] and [42]. Moreover, 9 · 9 · 45 µm³ 

sized cantilevers were milled from an ufg Cr lamella. Due to larger sample sizes, milling 

currents of 5 nA for rough cutting and 500 pA for final polishing were used. To initiate 

a pre-crack in the cantilevers, FIB notches were fabricated using the line-milling mode. 

A FIB current of 500 pA and a milling time per length of milling of 6.5 s/µm resulted in 

a notch depth of ~1.5 µm. Both sample geometries were fabricated in axial direction 

with respect to the HPT orientation and load was applied perpendicular to elongated 

grains. A similar preparation process was initially shown and further detailed in [43]. 

Tests were carried out utilizing the above described SEM with the attached micro-

indenter as described in section 2.1. To analyse crack growth of the pre-notched 

cantilevers and the dynamics of the compressive deformation, images during in-situ 

testing were captured with 1 frame per second. High resolution SEM images (Zeiss 

LEO 1525, Oberkochen, Germany) were recorded after deformation to analyse the 

resultant surface evolution. Finally, cross sections were milled into the highly deformed 

zones of the cantilevers to investigate the microstructure as well as crack propagation 

during elevated temperature testing. 

 

Data analysis 
All tests were conducted in displacement-controlled mode. For compression 

tests, a constant nominal strain rate of 3 · 10-3 s-1 was applied and pillars were 

deformed to ~20% strain. Recorded force-displacement data was corrected to take into 

account the stiffness of the lamella [44], and sample sink-in [45] was considered. 
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Additional weight acting on the force transducer (~10 g) of the indenter tip shaft, 

including the thermocouple and the resistive wire, affect the force measurement by a 

lateral load. Therefore, the transducers were calibrated before conducting the 

experiments by performing air indentations over the whole displacement range of the 

transducer. The resultant positive slope of the force-displacement signal was then 

used to correct the signals to zero-load. 

Engineering stress was calculated by taking the top pillar area into account and 

engineering strain was calculated using the height of the non-tapered pillars. 

Cantilevers were bent utilizing a displacement rate of 1 µm/min, as suggested in [43] 

and deformed to a maximum load line displacement of 8 µm, which corresponds to a 

bending angle of ~15°. To investigate fracture morphologies and to open the crack tip, 

cantilevers were further bent downwards. Width (W), height (B), bending length (L) and 

crack length (a0) of the specimens are shown in Table 3. They were used to calculate 

fracture toughness values according to [46] 

 

𝐾𝑄 =
𝐹𝑄∙𝐿

𝐵∙𝑊3 2⁄ ∙ 𝑓(
𝑎

𝑊
).     (1) 

 

The force FQ was determined according to ASTM E-399 [46], and the geometry 

factor f(a/W), which describes the influence of the pre-crack, was taken from [47]. As 

requirements for plane strain fracture toughness are not fulfilled, results are presented 

as conditional fracture toughness values and indicated with the subscript “Q”. KQ 

determined this way gives a lower limit for fracture toughness [43]. As linear elastic 

fracture mechanics (LEFM) is only applicable for hard and brittle materials, the J-

integral approach is commonly used for large-scale yielding of small samples. 

According to ASTM E 813-89 [48], J is given as the sum of elastic and plastic 

components  

 

𝐽 =
𝐾𝑄

2 ∙(1−υ2)

𝐸
+

η∙𝐴𝑝𝑙

𝐵∙(𝑊−𝑎0)
,    (2) 

 

where υ=0.21 is the Poisson ratio, E=294 GPa is the Young’s Modulus of Cr [49], η=2 

is a constant and Apl represents the plastic work of the experiment (area beneath the 

load-displacement curve). J-Δa curves were calculated and fitted according to [43] 



Publication C 

 
145 

 

using crack extension values obtained from the in-situ experiment at each step of 

unloading. To compare fracture toughness values from elastic plastic fracture 

mechanics (EPFM, J-integral) with LEFM (KQ), J is converted to 

 

𝐾𝑄,𝐽 = √
𝐽∙𝐸

1−υ2,      (3) 

 

which gives an upper bound for fracture toughness values [43]. 

 
Table 3: Cantilever dimensions and conditional fracture toughness values at RT and 230°C for ufg Cr in 

axial direction. 

Temperature W 
[µm] 

B 
[µm] 

L 
[µm] 

a0 
[µm] 

KQ 
[MPam1/2] 

KQ,J 
[MPam1/2] 

RT 8.834 8.989 37.3 1.589 2.43 16.98 
230°C 7.995 9.340 32.5 1.805 1.43 16.81 

 

C3 - Results 
Figure 8a shows representative engineering stress-strain curves of pillar 

compression experiments at RT (black) and 230°C (red) on ufg Cr (solid line) and sxx 

Cr (dashed line). Yield stress values at RT of ~400 MPa and ~100 MPa at 230°C were 

measured for sxx Cr. Refining the microstructure into the ufg regime leads to an 

increase of yield strength to ~1100 MPa and 950 MPa at RT and 230°C, respectively, 

according to Hall and Petch [50,51]. Figure 8b and d show deformed ufg pillars, and 

Figure 8c and e present deformed sxx samples, at RT and 230°C, respectively. To 

further provide detailed knowledge of ongoing deformation mechanisms in ufg Cr, 

cantilever fracture experiments were designed using the obtained uniaxial test data. 

Results of cantilever fracture experiments in terms of bending stress-displacement 

plots and post-deformation SEM images of ufg fracture samples, deformed at RT 

(black) and 230°C (red) are shown in Figure 9. To compare yield stress values with 

results obtained by uniaxial testing (Figure 8), stresses were calculated using the 

remaining ligament size W-a0. Figure 9a depicts typical linear elastic loading of the 

cantilevers followed by a transition into the plastic regime. Strain hardening up to a 

displacement of ~4 µm is observed by a subsequent softening until the maximum 

displacement of 8 µm was reached. 
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Figure 8: (a) Engineering stress-strain curves showing the deformation behaviour of ufg (solid lines) and 

sxx (dashed lines) Cr pillars at RT (black) and 230°C (red). (b-e) Post compression SEM images of 

deformed pillars. (b) and (c) show deformed ufg and sxx pillars at RT, (d) and (e) present an ufg and an 

sxx pillar, respectively, deformed at 230°C. 
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Figure 9: (a) Bending stress-displacement curves of notched ufg cantilevers deformed at RT (black) and 

230°C (red). (b-g) depict details of the fracture morphologies at corresponding temperatures. 
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Figure 9b-d and e-g show deformed cantilevers and corresponding fracture 

morphologies at the respective temperatures. The crack propagation is clearly affected 

by the testing temperature (Figure 9c and f), indicated by red arrows. At RT, the 

extending crack deflects and propagates perpendicular to the loading direction, while 

at 230°C blunting without crack extension nor crack deflection is observed. This 

behaviour is also reflected by the varying fracture morphology presented in Figure 9d 

and g, where an inclined view into the opened cracks is shown. 

 

C4 - Discussion 

Numerical simulation 
The conducted numerical simulation indicates material- as well as sample 

geometry-dependent temperature gradients if temperatures at the indicated 

thermocouples are equilibrated. The knowledge of such gradients is of major 

importance regarding measurements at non-ambient conditions and helps minimizing 

thermal drift. Moreover, numerical simulations are inevitable if a temperature matching 

procedure is not feasible due to limitations of the sample geometry eg. by testing 

samples on needle-shaped specimens at elevated temperatures [44,52]. 

 

Pillar compression 
Literature values of macroscopic yield stresses for sxx Cr at RT [53] are found to 

be ~300 MPa in (100) orientation for tensile experiments, and failure occurred by void 

nucleation and coalescence. In the present case, a sample size effect leading to yield 

stresses of ~400 MPa is expected within the size regime of a few microns, as shown 

by Uchic et al. [54]. Size effects in sxx Cr are separately discussed in [42]. 

The flow stress decrease in ufg Cr at 230°C (Figure 8a) partly results from a grain 

size increase, as well as a vanishing contribution of the thermal stress component, as 

commonly observed in bcc metals at elevated temperature [33]. Figure 10a and b 

present the undeformed microstructures in the ufg Cr lamella at RT and 230°C. The 

mean grain size increased from ~160 nm to ~350 nm and a reduction of grain aspect 

ratio was observed. An estimation of the flow stress decrease by simple Hall-Petch 

relation [50,51] results in a flow stress reduction of 200 MPa. The Hall-Petch coefficient 

of Cr (kH-P=1380 MPaµm1/2) was taken from [55]. Moreover, flow stress values of sxx 



Publication C 

 
149 

 

(530 MPa) as well as ufg Cr (2050 MPa) obtained by nanoindentation [33] and 

macroscopic tests [42] at RT and elevated temperature are well within the range of 

flow stress values obtained with the present heating setup. 

Post compression SEM images of ufg pillars as shown in Figure 8b and d show 

no distinct differences. SEM images of sxx pillars (Figure 8c and e) indicate differences 

in deformation behaviour. The propagation of screw dislocations via cross-slip is the 

rate-limiting mechanism at low temperatures in bcc metals [56]. Considering the 

sample surface in figure 8c, slip steps are not well-defined, which gives evidence of 

cross-slip processes. At elevated temperature the surface morphology in Figure 8e 

reveals sharp slip steps, indicating reduced cross-slip of screw dislocations due to 

thermal activation [34]. Moreover, the decrease in flow stress from ~400 MPa at RT to 

~100 MPa at 230°C in sxx samples indicates a decrease of the thermal stress 

component of ~300 MPa. 

 

Fracture processes 
Fracture toughness of semi-brittle materials such as bcc metals is mostly 

investigated on sxx samples [43,57-62]. For polycrystalline samples with defined pre-

notches, only few ex-situ [63-68] and in-situ studies [69] are found in literature. Fracture 

toughness and deformation behaviour of bcc metals are strongly dependent on strain 

rate, grain size and temperature [33,70]. Thermal activation reduces the high Peierls 

stress and therefore eases the movement of screw dislocations. This results in a semi-

brittle deformation behaviour for a specific microstructure and loading condition, 

indicated by a specific ductile-to-brittle transition temperature (DBTT) [71]. 

Bohnert et al. [61] showed that fracture toughness values of sxx W are strongly 

dependent on notch geometry, which was also supported by finite element simulations. 

In contrast to that, fracture toughness values are not significantly influenced by the 

miniaturized specimen geometry, as long as assumptions for large-scale yielding are 

made. The effect of notch type on fracture toughness was investigated by Wurster et 

al. [43], where fracture toughness values of natural notched sxx W cantilevers were 

compared to FIB-notched cantilevers. No influence of notch type as well as specimen 

size were reported in the micron regime. Fracture toughness of polycrystalline, 

macroscopic samples was summarized in [64], indicating that fracture mechanisms for 

ufg metals differ from large-grained samples. Cantilevers in the present case are well 
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below sample dimensions investigated in [64]. Approx. 2500 grains are located within 

the cantilever cross section. The lower limit of fracture toughness’s (KQ) as well as 

upper limits (KQ,J from J-Integral) are summarized in Table 3. Figure 10c and d show 

details of the pre-notched samples. No distinct differences are observed before testing, 

which might be reflected by comparable fracture toughness values at RT and 230°C. 

All values are expected to lie below the characteristic DBTT of Cr, which is between 

320°C and 390°C in the undeformed condition [72]. Moreover, yield stresses of uniaxial 

deformed samples (1100 MPa at RT and 950 MPa at 230°C) and cantilever fracture 

experiments (1130 MPa at RT and 910 MPa at 230°C) indicate comparably plastic 

limits for the different testing techniques. However, post deformation SEM images 

(Figure 9) do reveal differences related to crack initiation and propagation. At RT, the 

cantilever fails at the pre-notch and the crack immediately deflects and extends 

perpendicular to the loading direction (Figure 9 b and c). Moreover, grains were pulled 

out of the fracture surface (Figure 9d). Blunting instead of crack extension and crack 

deflection was observed in SEM images of the cantilever deformed at 230°C 

(Figure 9e, f and g). Grains tended to show a more ductile behaviour compared to RT. 

Figure 10e and f show FIB cross sections of the highly deformed zone of the 

cantilevers at RT and 230°C, respectively, and confirm different deformation 

behaviour. At RT, the crack propagated on an intercrystalline crack path in the direction 

of the elongated grain structure. Such phenomena was already shown in [63] and [64]. 

No transgranular fracture was expected, as the grain size was too small for sufficient 

pile-up within the grains [64]. Decohesion processes at the grain boundaries were 

observed on triple junctions. At 230°C, blunting instead of crack extension was 

observed (Figure 10 f). However, both experiments show that grain boundaries act as 

an effective barrier against crack growth [69]. While the crack extension in ufg Cr along 

grain boundaries is indicative for the RT experiment, blunting around the pre-crack was 

observed at elevated temperature. 
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Figure 10: Comparison of microstructure as well as cross sections of the deformed cantilevers. 

Undeformed ufg Cr microstructure at RT (a) and 230°C (b). The mean grain size increased from 

~160 nm to ~350 nm. (c) and (d) show details of the pre-notches. (e) Crack deflection along the 

orientation of elongated grains at RT. (f) At 230°C plastic deformation and crack tip blunting without 

crack growth is observed. 

 

C5 - Conclusion 
The development and characterization as well as first experiments on a custom-

built in-situ heating device were presented. A maximum temperature of 300°C was 

shown to be achievable by separately resistive-heated indenter and sample. Finite 

element simulation results underline the importance of appropriate temperature 

calibration procedures followed by exact temperature matching. Quantitative in-situ 

experiments such as pillar compression and cantilever fracture testing at elevated 

temperatures were shown to be possible with high resolution inside the SEM. Pillar 

compression experiments on single crystalline as well as ultrafine-grained Chromium 

samples reveal an expected flow stress decrease due to a reduced thermal stress 

component, which goes along with a temperature-induced change of the 
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microstructure in ultrafine-grained Chromium. Cantilever-based fracture experiments 

on ultrafine-grained Chromium show almost constant fracture toughness values at RT 

and 230°C, although crack propagation and crack deflection mechanisms already 

changed with increasing temperature towards more ductile deformation. 
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D - Abstract 
The influence of microstructure on the strength scaling behaviour of ultrafine-

grained W is investigated by scale-bridging experiments over four length scales. By 

performing macroscopic compression, nanoindentation and in-situ scanning electron 

microscope micro-compression tests, the plastically deformed volume was thoroughly 

reduced until a transition from bulk-like to single crystalline deformation behaviour was 

observed. Occurrent events in stress-strain curves and post-compression images were 

related to apparent deformation mechanisms commonly observed for polycrystalline 

bcc metals. Further, the small-scale deformation behaviour and the influence of 

interfaces and free surfaces are discussed and related to the single crystal situation. 

Additionally, thermally activated deformation mechanisms in W are identified and 

discussed based on rate- and temperature-dependent properties, such as strain-rate 

sensitivity and activation volume. The results demonstrate that the free surface in small 

volumes explicitly alters the strength scaling behaviour in ultrafine-grained W and that 

the formation of cracks and decohesion processes are only of minor importance. 

Indeed, dislocation mediated crystal plasticity remains dominant spanning all length-

scales investigated. 

 

D1 - Introduction 
Small-scale testing techniques such as pillar compression experiments reveal 

novel insights into the strength scaling behaviour of confined volumes. Since Uchic et 

al. [1] reported a size effect [2] in focused ion beam (FIB) machined single crystalline 

(sxx) compression samples, ex-situ as well as in-situ pillar compression experiments 

inside scanning electron microscopes (SEM) increased in popularity [3-6]. In the last 

years, the strength scaling behaviour of sxx, face-centred cubic (fcc) [7-11] and body-

centred cubic (bcc) [12-19] metals was extensively studied. Nowadays, it is established 

that the strength σ in such confined volumes scales with a power-law with the sample 

diameter as the base and n the strength scaling exponent (~d-n). Typical n-values for 

fcc metals are ~0.6. The mechanisms responsible for such a scaling behaviour are 

interpreted based on a single-armed source model by Parthasarathy et al., see [20]. 

More detailed mechanisms are discussed in [21]. Notably, the crystal orientation, or 

more precisely the number of active slip systems [22-24], as well as dislocation density 



Publication D 

 
161 

 

[25-27] additionally affect n. While fcc metals can be regarded as athermal [11], in bcc 

structures the strength scaling exponent is furthermore dependent on a thermal stress 

component, which limits the movement of screw dislocations via the kink-pair 

mechanism [28-30]. Metals such as W exhibit a high thermal stress component at room 

temperature (RT), evidenced by n-values of ~0.2 - 0.4 [8,12,15,19,23,30]. Contrarily, 

bcc metals with rather low melting points (Tm) such as Nb or Fe show reduced thermal 

stress components resulting in strength scaling exponents of 0.48 [30] and 0.59 [17], 

respectively. If thermal activation reaches ~0.2 · Tm [29], screw dislocations are not 

hindered by the Peierls potential anymore and propagate with the same velocity as 

edge dislocations. At this critical temperature (Tc), the strength scaling behaviour in 

bcc metals approaches towards the fcc value. 

A variation of n is not only the result of intrinsic effects [7]. Beside varying thermal 

stress contributions, extrinsic effects [31], a preparation induced effect or FIB damage 

[32-34], or processing induced modifications [35] may alter the strength scaling 

behaviour and must be taken into account. 

To comprehensively study the effects of individual interfaces, experiments 

spanning from the macroscopic to the microscopic regime are necessary. Testing 

macroscopic samples results in obtaining bulk properties. In fact, several tensile, 

compression and also simulation studies were conducted on sxx [36-41] as well as 

polycrystalline samples [42-46] where the interplay of intrinsic length-scales 

contributes to strengthening mechanisms in macroscopic volumes. 

On the other hand, miniaturized testing techniques are necessary to investigate 

characteristic mechanisms, for example, interaction of dislocations with twin 

boundaries [47] or grain boundaries [45,48-50]. Dislocations can be trapped [51,52] 

within the small sample volume and pile-up on internal interfaces. However, it is still 

under debate how grain boundaries or general interfaces affect the strength scaling 

characteristics. 

To contribute to this topic, in this work the influence of interfaces on the 

deformation and the strength scaling behaviour of ultrafine-grained (ufg) W is 

investigated by providing a constant grain size. The interplay of grain boundaries with 

confined volumes is investigated by thoroughly reducing the deformed volumes until 

an sxx state is achieved. Therefore, macroscopic compression, nanoindentation and 

in-situ pillar compression tests are performed at various temperatures and strain-rates. 
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By doing so, the influence of grain boundaries on the strength scaling exponent and 

the contribution of the thermal stress component are examined. Finally, acting 

deformation mechanisms are analysed in terms of strain-rate sensitivity (m) and 

activation volume (ν). 

 

D2 - Materials and Methods 
The sxx W was grown by electron beam zone melting [53] and examined 

previously micro- and macroscopically by Wurster et al. [54]. The crystal was aligned 

in either (100) or (110) orientation to test multiple slip orientations [36]. A lamella with 

~1 mm thickness was cut using a diamond wire saw and subsequently ground and 

polished to remove plastically deformed surface layers. 

A forged sheet of ultra-high purity W with an initial grain size of ~5 µm was 

provided by Plansee SE (Reutte, Austria). The as-received sample was cut by electron 

discharge machining (EDM, Brother HS-3100) to cylinders of 30 mm in diameter and 

7 mm in height and subsequently deformed via high pressure torsion (HPT [55-59]) to 

achieve an ufg microstructure having mostly large angle grain boundaries. After 10 

rotations at 600°C using a rotational speed of 0.2 rpm and a pressure of 4 GPa, an 

equivalent strain of ~7500% at a radius of 14 mm was imposed. A lamella as described 

in [60] and several rectangular-shaped macroscopic samples having final dimensions 

of 2 · 2 · 3 mm³ were machined by EDM from a disk radius of ~14 mm in axial direction 

of the HPT disk to avoid strain gradients and hence varying grain sizes within the 

specimens. Prior to microstructural investigations, nanoindentation tests and 

macroscopic compression tests, the macroscopic samples were mechanically and 

electrolytically polished. 

The grain size was determined using back-scattered electron (BSE) images and 

electron backscattered diffraction (EBSD) grain orientation maps using a high 

resolution SEM (Zeiss LEO 1525, Oberkochen, Germany). 

Non-tapered rectangular pillars in the size range between 150 nm and 5 µm and 

with an aspect ratio (pillar height to diameter) of 3:1 were milled out of the fabricated 

lamella using a dual-beam SEM-FIB workstation (Zeiss LEO 1540 XP, Oberkochen, 

Germany) [60]. Pillar compression tests on samples larger than 1 µm were performed 

in-situ in an SEM (Zeiss LEO 982, Oberkochen, Germany) equipped with an UNAT-

SEM indenter (Zwick GmbH & Co. KG, Ulm, Germany) [61,62]. Samples having 
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dimensions below 1 µm were tested in the SEM-FIB utilizing a Hysitron PI-85 

Picoindenter (Bruker Nano Surfaces, Minneapolis, MN, USA). The indenters were 

equipped with conductive diamond flat punches obtained from Synton-MDP AG 

(Nidau, Switzerland) with diameters of ~8 µm and ~6 µm, respectively. All tests were 

performed at RT in displacement-controlled mode at constant displacement rates that 

were adapted to the individual pillar geometry to achieve a constant nominal strain-

rate of 3 · 10-3 s-1 in order to exclude strain-rate effects. Further corrections for sample 

sink-in [63] and machine stiffness [64] were taken into account. 

Macroscopic compression tests were performed in air using a universal tensile 

testing unit (Zwick GmbH & Co. KG, Ulm, Germany) modified with a load reverse tool 

to a compression device. In order to measure thermally activated processes, tests were 

conducted at constant strain-rates between 10-2 and 10-4 s-1 for temperatures ranging 

between RT and 610°C. Loads were measured utilizing a 10 kN load cell and strains 

were calculated from recorded time and corresponding crosshead velocity. All 

compression samples were strained to ~20% engineering strain and engineering 

stresses were calculated using the top area of pillars and macroscopic samples before 

deformation. 

Nanoindentation tests were performed using a Nanoindenter G200 (Keysight 

Technologies, USA) equipped with a continuous stiffness measurement (CSM) unit. 

The CSM frequency was set to 45 Hz and a harmonic displacement amplitude of 2 nm 

was superimposed for all tests. CSM was used to continuously record contact stiffness 

to check the Young’s Modulus / displacement profile which is horizontal for 

mechanically isotropic materials. For RT testing, a three-sided diamond Berkovich 

pyramid, imposing ~8% plastic strain (MicroStar Technologies, Huntsville, USA), as 

well as a diamond Cube Corner indenter, imposing ~20% plastic strain (Synton-MDP 

AG, Nidau, Switzerland) [65,66] were utilised. Strain-rate controlled tests with a 

constant strain-rate of 5 · 10-2 s-1 were conducted to compare to flow stress values 

obtained from uniaxial testing techniques. High temperature measurements were 

realized using a surface laser heating system with independent heating capacity of 

indenter tip and sample. Experiments were conducted at 100°C, 150°C, 200°C, 250°C 

and 300°C using a Berkovich pyramid tip made of sapphire (Synton-MDP AG, Nidau, 

Switzerland). Strain-rate jump tests [67] for displacement segments of 500 nm each 

and strain-rate levels of 5 · 10-2 s-1, 10-2 s-1, 5 · 10-3 s-1 (high temperature) and 5 · 10-
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2 s-1, 5 · 10-3 s-1 and 10-3 s-1 (RT), respectively, were performed to investigate thermally 

activated processes. The maximum indentation depth for all indents was set to 

~2500 nm. Machine stiffness and tip-shape calibrations were performed at RT 

according to the Oliver-Pharr method [68]. Further details about the heating setup are 

described in [69]. 

 

D3 - Results 
The grain size of the HPT deformed W sample was determined using area 

equivalent circle diameters. The analysis resulted in average grain sizes of 

530 ± 170 nm and 480 ± 230 nm for Figure 1a and b, respectively. In the BSE image, 

substructures and low angle grain boundaries were not accounted as boundaries thus 

resulting in a larger average grain size. Slightly elongated grains in shearing direction 

were observed, but no pronounced texture was evidenced. Moreover, grain boundaries 

with mostly large angle character (87.2%) were detected, as shown in Figure 1c. Here, 

neighbouring grains showing 15° misorientation or more are accounted as large angle 

GBs.  

 

 
Figure 1: Microstructure of ufg W at a disc radius of 14 mm in axial direction. (a) BSE image, red arrows 

indicate the compression direction and green arrows the shearing direction during severe plastic 

deformation. (b) EBSD image of the respective microstructure and the corresponding inverse pole figure. 

(c) The majority of grain boundaries (87.2%) show large angle character. 

 

The bulk hardness (H) of (110) oriented sxx and ufg W at RT was determined by 

nanoindentation using a Berkovich and a Cube Corner indenter. Corresponding load-

displacement curves are shown in Figure 2a. The corresponding indentation sizes are 

116.2 µm³ (Berkovich) and 13.3 µm³ (Cube Corner) for sxx W and 39.7 µm³ 
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(Berkovich) and 14.6 µm³ (Cube Corner) for ufg W. Hardness values were converted 

to flow stresses using H = σ · C* with the constraint factor C* = 2.8 [66,70]. Bulk values 

of H were obtained by extrapolating the hardness profile to large displacements 

according to the Nix and Gao model [71], as shown in Figure 2b. Although the moduli 

of sxx W (393 GPa) and ufg W (402 GPa) show slight variations, they are well in the 

range of literature values of 380 - 420 GPa [72]. 

 

 
Figure 2: Multi- and uniaxial test data of sxx and ufg W determined using nanoindentation and 

compression tests. (a) Load-displacement curves obtained with Berkovich and Cube Corner indenters. 

(b) H/2.8 and Young’s moduli vs. indentation depth to obtain bulk properties. (c, d) Exemplary 

engineering stress-strain curves of the respective sxx and ufg W with a large variety of sample sizes. 

See text for details.  

 

Furthermore, flow stress values for sxx W resulted in 1470 MPa (Berkovich) and 

1790 MPa (Cube Corner), while for ufg values of 3110 MPa (Berkovich) and 2930 MPa 

(Cube Corner) were obtained, which are in accordance with literature data [66]. 

Figure 2c and d present engineering stress-strain curves of (100) oriented sxx 

and ufg W. In both cases large samples show continuous flow curves. As the sample 

size decreases (below 3 µm), stress values in sxx W samples (Figure 2c) increase and 
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stochastic events such as load drops are observed more frequently. A contrary 

behaviour is observed for ufg W samples (Figure 2d), where flow stresses decrease 

with decreasing sample sizes. At sample diameters of ~3 µm, first serrations in the 

stress-strain curves are observed. Further decreasing the sample size leads to an 

apparent increase of flow stress values and pronounced load drops are detected, 

comparable to small sxx W samples. 

Post compression SEM images of various ufg W samples are shown in Figure 3. 

In total 36 bulk samples each having a size of 2 · 2 · 3 mm³, as shown in Figure 3a, 

were tested from RT up to 610°C. At low temperatures and at every strain-rate tested, 

cracks developed during compression. Above 450°C, plastic deformation without crack 

initiation and propagation was observed. This behaviour is indicative for a rate- and 

grain size dependent brittle-to-ductile transition temperature (BDTT) [73,74]. Figure 3b 

and c show a residual Berkovich and a residual Cube Corner impression at RT, 

respectively. Figure 3d-i depict deformed ufg W pillars of various sizes. Larger pillars 

in Figure 3d and e show intercrystalline failure at grain boundaries, which is common 

for ufg W [75,76]. A side view and magnified details of Figure 3d are displayed in 

Figure 3h and i, respectively, indicated by the red coloured arrow and the rectangle. 

The white arrows indicate decohesion and failure at grain boundary triple points, which 

were also observed in residual imprints (Figure 3b and c). Figure 3f represents an ufg 

pillar where the sample size is approximately the grain size and in Figure 3g, the 

sample size was further reduced and sxx deformation behaviour was observed. 

The plastic deformation behaviour of sxx and ufg W is also provided in the 

supplementary videos, where Video 1 represents the deformation behaviour of ~5 µm 

and ~0.3 µm sized sxx W pillars. Video 2 indicates the deformation behaviour of a 

~3 µm, ~1.3 µm and a ~0.3 µm sized ufg W samples. In larger ufg pillars, the 

observation of cracks developing at grain boundary junctions should be noticed. 

Figure 4 presents SEM images of etched (a) and FIB-prepared cross sections of 

deformed compression samples. Figure 4a shows a crack tip observed in macroscopic 

samples. The varying pattern (points and triangles) on individual grains indicate etch 

pits resulting from HPT deformation and refer to dislocations which align perpendicular 

to the etched surface (estimated dislocation density ~1.65 · 1014 m-2). The major crack 

propagated on an intercrystalline path and additional small cracks are observable at 

grain boundary triple junctions, indicated by white arrows. The cross-sections of 
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Figure 4b-e indicate pillars exhibiting comparable deformation mechanisms as 

observed in bulk samples, even though the number of grains in the deformed volume 

is drastically reduced. Once the sample size is reduced to the average grain size 

(Figure 4f) or below (Figure 4g) the probability for crack nucleation at grain boundary 

junctions decreases. Pronounced plasticity is observed for the smallest pillar (300 nm, 

Figure 4g), sxx-like slip steps indicated by the green arrow are visible. 

 

 
Figure 3: Post-compression SEM images of various ufg W samples. The sample size decreases 

accordingly to the presented alphabetic order. (a) Deformed bulk sample (strain-rate of 2 · 10-3 s-1) 

showing a large crack in compression direction (black arrows). (b) and (c) represent a Berkovich and a 

Cube Corner indent, respectively. Images (d) to (i) show deformed pillars. (h) and (i) show details, which 

were marked in (d) and white arrows indicate decohesion at grain boundary triple junctions. Coloured 

symbols refer to different deformation regimes. 

 

D4 - Discussion 
Before comparing multi- and uniaxial stress data, some considerations should be 

made. Nanoindentation with self-similar pyramidal tips results in multiaxial stress-

states underneath the indent, accompanied by multiple slip events. To facilitate 

comparison with uniaxial test data, the (100) orientation was chosen as a multiple slip 

orientation for uniaxial compression tests. Secondly, the choice of an appropriate value 

for C* to convert hardness into flow stresses influences validation of the uniaxial test 

data. However, if C* is considered to be in the range of 2.5 - 3, rather than 2.8 used in 
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Figure 2, the change of stress values of ~10% would only insignificantly affect present 

results. Thirdly, the Young’s modulus to hardness (E/H) ratio [77] and the rate-

dependence of the tested material [78] might affect the load response of the indenter, 

resulting in conceivable errors. The E/H ratio for the investigated ufg W is ~130, 

therefore a possible phase shift of the indenter signal should be only of minor influence. 

To eliminate influences from the rate-dependence of the material, the experiments 

were conducted at the same constant strain-rates. 

 

 
Figure 4: Cross sections of uniaxial deformed compression samples. (a) Crack tip observed in a 

macroscopic sample, indicating intercrystalline fracture. Pillar cross sections of 3 µm (b), 2 µm (d), 

1.3 µm (e), 0.7 µm (f) and 0.3 µm (g) demonstrate the decreasing number of grains within individual 

samples. (c) presents a magnified inset of (b) indicated by the red rectangle. White arrows indicate 

cracks and decohesions at triple points of grain boundaries, while the green arrow marks a slip step. 

Coloured symbols refer to different deformation regimes. Please note that the cross sectional FIB cuts 

are slightly inclined compared to the pillar compression direction.  
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Furthermore, the plastically deformed volumes vary with the indenter geometry 

and mechanical properties [79,80], which is apparent in the load-displacement data in 

Figure 2a. The load limit of the nanoindentation device was reached for the Berkovich 

indent in ufg W (Figure 2a, solid red line) and therefore the maximum indentation depth 

is lower. In Figure 2b, a cross-over of the hardness signals of the Berkovich and the 

Cube Corner indent for ufg W is observed. This behaviour is related to the 

comparatively high strain during indentation with a Cube Corner indenter. Here, more 

surface grains are affected during Cube Corner indentation, which might contribute to 

an apparent strength decrease. Relatively seen, the formation of cracks and 

decohesion at grain boundaries additionally alter hardness values, displaying lower 

stress values for the Cube Corner indent. Lastly, it should be noted that in terms of 

nanoindentation the induced representative strain will depend on the apex angle of the 

used tip and varying capabilities of strain hardening are examined, which affects the 

stress level [66]. However, as long as the contact stiffness is properly accounted for 

(indicated by horizontal hardness and Young’s modulus values in Figure 2b) the test 

can be considered valid. 

The gap in flow stress values between sxx and ufg W results from microstructural 

refinement according to Hall and Petch [81,82]. Estimation of a yield stress value using 

a friction stress of τ* = 345 MPa [8], a mean grain size of 480 ± 230 nm and a Hall-

Petch coefficient of 1.86 MPam-1/2 [66] results in ~3000 ± 700 MPa, in agreement with 

ufg W bulk data obtained from macroscopic compression tests and nanoindentation 

data (Figure 2d). However, the elastic loading stiffness of the bulk sample is reduced 

in Figure 2d and not comparable with pillar compression experiments. Alignment of 

bulk samples was hindered due to lower stiffness of the compression equipment, 

resulting in a sample misalignment of ~1°. The displacement of the bulk sample was 

measured at the machine crosshead, and only approximated strains are given for the 

bulk sample. 

To discuss the observed deformation behaviour over several length scales, the 

flow stress is plotted against the plastically deformed volume of individual experiments 

in Figure 5. For uniaxial compression tests, the plastically deformed volume is defined 

by the sample base area and height. Considering the different indentations, a simplified 

hemispheric plastic zone after penetration to maximum displacement was taken into 

account. Stresses at 8% plastic strain were chosen to allow comparison with Berkovich 
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nanoindentation data and to include occurrent strain hardening. Pillar compression and 

nanoindentation data of sxx W is indicated by black dots and a black triangles, 

respectively. The black guideline through sxx W data demonstrates its strength scaling 

behaviour, which is ~0.21 ± 0.02 for the (100) orientation. The ufg W data in Figure 5 

is separated into three different regimes. Red, orange and green symbols (also used 

in Figures 2 and 3) indicate bulk behaviour, a transition regime where the sample size 

is in the order of the grain size, and ufg W pillars that deform alike sxx W pillars, 

respectively. Error bars in Figure 5 result from the out-of-contact noise of the indenter 

load signal and uncertainties in determining pillar cross sections to compute stress 

values. As previously shown in Figure 2d, ufg bulk W samples reveal the highest flow 

stress levels. By decreasing the plastically deformed volume, flow stress values begin 

to decrease until the transition regime in Figure 5 is reached. Here, pillars deform 

without crack initiation, and upon further reducing the sample dimension sxx 

deformation behaviour is evidenced. Decreasing flow stress values, however, are 

explained by an increasing importance of free surfaces in decreasing sample volumes. 

In ~500 nm sized grains, dislocation debris developed from the initial HPT 

deformation process remains in the grain interior as evident from the contrast variation 

within grains in the BSE micrograph shown in Figure 1a. During plastic deformation, 

dislocation sources in the grains will operate and emitted dislocations that pile-up at 

grain boundaries within the sample volume [76,83]. In grains located at free surfaces, 

dislocation debris and generated dislocations exit the pillar surface which lead to a 

decreased strength. With decreasing sample size the relative fraction of surface grains 

notably rises [84,85], hence the stress values decrease until the sample size 

approaches the grain size and source-controlled strengthening [20] dominates the 

deformation. Notably, the point of intersection of the drawn guidelines of sxx and ufg 

W in Figure 5 correlates well with the grain size of the present sample.  

Comparable experiments were conducted on ufg Cr containing mostly large angle 

GBs, and results were reported in [45]. There, a continuous increase of flow stress was 

observed by decreasing the sample size. However, the grain size reported for ufg Cr 

was ~160 nm. Within such small structures, GBs act as sinks and sources for 

dislocations [86] and the grain interior contains only a very limited number of 

dislocations [87]. In such a situation, grains located at the free surface remain stronger 

and lead to a scaling behaviour where smaller is stronger. In both cases near-surface 
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grains are smaller in size compared to internal grains due to FIB machining, which 

seems to be of minor influence for the observed behaviour. 

 

 
Figure 5: Engineering stress at 8% plastic strain vs. plastically deformed volume of tested sxx and ufg 

W. Filled symbols indicate data from this work, while open symbols are literature data, respectively. See 

text for more details.  

 

Open symbols in Figure 5 indicate literature data of (100) oriented sxx W. Only 

small variations in scaling behaviour are found and summarized in Figure 6a by 

comparing n-values from close to the yield point up to 10% plastic strain. Our data is 

indicative for a constant strength scaling behaviour with strain, implying that the 

present deformation mechanism does not change during deformation. Small variations 

are attributed to alignment uncertainties at low strains and serrated flow at increased 

strain levels. Indeed, n-values ranging between 0.2 - 0.4 were reported in literature 

[8,12,15,19,23,28]. Our data is in close agreement to Schneider et al. [23,28], while 

the differences to other works could be explained by dissimilar strain-rates, a varying 
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impurity content or different initial dislocation densities within the samples used in those 

studies [21]. 

Dislocations in ufg W form substructures and pile-up at grain boundaries in the 

sample interior and therefore might change the deformation behaviour [88]. Indeed, a 

comparison of strain hardening rates (Θ) of differently sized ufg and sxx samples, 

shown in Figure 6b, demonstrates individual pile-up situations. Here, strain hardening 

rates were calculated from engineering stress-strain curves using a tangent approach. 

Bulk-like ufg pillars show comparable Θ as observed for macroscopic samples. 

However, once the sample size is reduced to the order of the grain size, reduced strain 

hardening behaviour indicates sxx-like deformation behaviour, dislocations can easily 

exit on the pillar surface. 

 

 
Figure 6: (a) Strength scaling exponent n plotted against plastic strain and comparison with literature 

data. (b) Strain hardening rates Θ obtained from sxx and ufg W using a tangent approach (inset). Clear 

differences in Θ between bulk-like configurations and single crystalline situations are evidenced.  

 

To relate the observed behaviour to occurring deformation mechanisms and to 

estimate a possible contribution of decohesion, failure, or grain boundary sliding 

[89,90], plastic deformation can be related to intrinsic mechanisms in terms of strain-

rate sensitivity (m) and activation volume (ν) [28,91]. For sxx and polycrystalline fcc 

metals such as Ni, Al or Cu, strain-rate effects were investigated, for example, in [92-

94]. Prevailing deformation mechanisms in bcc metals such as V, W, Mo, Ta and Cr, 

were reported by Wei et al. [95,96], Zhou et al. [97], Wu et al. [86], Maier et al. [98,99] 

and Fritz et al. [100]. 
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Fritz et al. [100] recently obtained thermally activated deformation behaviour over 

a wide range of temperatures using several testing techniques on sxx Cr and ufg Cr. 

Comparable tests on the same length-scales were conducted within this work on W, 

and the resultant m- and ν-values as a function of a relative testing temperature 

(Ttest/Tc) are plotted in Figure 7a and b, respectively, to compare variable bcc metals 

with different thermal stress components at RT. The critical temperatures (Tc) for W 

and Cr used in Figure 7 are 800K [39] and 430K [29], respectively. Low temperature 

data on Cr from RT down to liquid nitrogen was additionally added from [101]. The W 

data of [39] was not added, as stress relaxation tests were utilized to obtain m-values. 

However, a comparable trend was observed for sxx W. 

The coloured arrows in Figure 7a and b represent the trend of the rate-dependent 

properties in bcc metals. They reveal that comparable mechanisms dominate in sxx 

and ufg W and Cr, respectively. Importantly, in the Cr study [100] no cracking was 

present. This allows us to exclude fracture and thus embrittlement of GBs via 

segregation of interstitial atoms [102] as a dominant influencing mechanism. Moreover, 

the Cr data enlarges the discussed range of relative temperatures. At low relative 

temperatures m-values for sxx Cr and W are ~0.02. First, an increase of m is displayed 

until peak m-values of ~0.07 are reached at Ttest/Tc = 0.65. A comparable trend for low 

temperature deformation of sxx W, Nb, V, and Ta was found by Brunner and Glebovsky 

[39] and Christian and Masters [103] and is explained by the thermally activated 

interaction of kink pairs with interstitial atoms. Approaching and overcoming Tc, thermal 

activation eases the movement of kink pairs until m-values in the order of 10-3 are 

reached, as common for low Peierls potential materials such as fcc metals. Contrarily 

to that, m-values for ufg counterparts slightly decrease from low temperatures until Tc, 

followed by a continuous increase up to a relative temperature of 1.6. 
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Figure 7: Evolution of strain-rate sensitivity m (a) and activation volume ν (b) with relative temperature 

for W and Cr. Cr data was taken with permission from [99] and [101]. Coloured arrows are trend lines. 

See text for details. 

 

The deformation mechanisms based on the varying microstructure for the 

different bcc metals are indicated in Figure 7b, where the corresponding ν-values are 

plotted vs. Ttest/Tc. To compare activation volumes, they are normalized by the Burgers 

vector of the respective metal (b = 2.741 · 10-10 m for W) and expressed in multiples of 

b³. At low temperatures, ν-values of 4 - 7 b³ were calculated for sxx W and Cr using 

the common equations described in [95]. Those quantities are attributed to the kink 

pair mechanism, which is active in bcc metals at low temperatures [29]. However, ν 

seems to remain constant in sxx Cr until Ttest = 0.55 · Tc. Here, thermal activation of 

kinks might be hindered by interstitial atoms. This idea is verified by a pronounced yield 

strength observed in tensile stress-strain data [101], which was the base for the 

calculated activation volumes. As stated before, the same trends were found for sxx 

W, Nb, V and Ta in [39,103] and related to interaction of kinks with impurities. 

Additionally, m- and ν-values from [101] were calculated at the lower yield point, while 

nanoindentation data and test data from compression experiments were evaluated at 

~8% plastic strain. By further increasing the temperature, the impurities are no effective 

obstacle anymore and movement of kink pairs is eased due to thermal activation, 

indicated by an increase of the activation volume. Overcoming Tc for the sxx case gives 

ν-values of ~200 b³, indicative for dislocation-dislocation interaction, a common 

mechanism observed in fcc metals. 
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In ufg W and ufg Cr the activation volume increases at relative low temperatures 

comparably to the sxx states, indicating again a rate-limiting step based on the 

propagation of kink-pairs. However, upon passing Tc, ν-values remain rather constant 

at ~20 b³. This behaviour is indicative for dislocation-grain boundary interactions, as 

previously reported for ufg Cr. Thus, the comparison to Cr in Figure 7 demonstrates 

dislocation mediated plasticity as the dominant deformation mechanism in sxx and ufg 

W, while crack formation in ufg W seems to be of minor influence on the underlying 

plasticity mechanisms. 

 

D5 - Conclusion 
Interface-dominated strength scaling behaviour in ultrafine-grained W was 

studied to investigate the interaction of grain boundaries with dislocations in bcc 

crystals. As a result of increasing importance of free surfaces, dislocations in near-

surface grains exit the pillar surface without substructure formation and therefore the 

grains show decreased strength, while dislocations pile-up in inner grains. By reducing 

the plastically deformed volumes, the increasing number of near-surface grains leads 

to a gradual reduction of flow stress values until the sample size reaches the order of 

the grain size. There, after passing a transition regime, single crystalline slip in 

individual grains was activated even in ufg pillars. Moreover, the influence of 

decohesion at grain boundary triple points on thermally activated processes was 

examined and compared to ultrafine-grained Cr where no cracking occured. In both 

materials interfaces contribute to the deformation behaviour in terms of dislocation-

grain boundary interactions and no noticeable influence can be attributed to crack 

nucleation and decohesion processes. This deformation results in constant activation 

volumes at elevated temperature, while at low temperatures the propagation of double-

kinks remains the rate-limiting deformation mechanism. 
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D6 - Appendix: Supplementary Material 
The supplementary videos of publication D are included digitally on the storage 

medium located at the end of the thesis. 

 

 
Video1: In-situ SEM compression test of two sxx W pillars. The sample diameters are ~5 µm (left) and 

0.3 µm (right). 

 

 
Video2: In-situ SEM compression test of three ufg W pillars. The sample diameters are ~3 µm, ~1.3 µm 

and a ~0.3 µm (from left to right). A transition in deformation behaviour from bulk to single-crystalline-

like is illustrated. 
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In the Appendix, Publication E, Publication F, screenshots of the graphical user 

interface of the in-situ heating control coded in LabVIEW, and the block diagram of the 

code are attached. The LabVIEW program for temperature control is included digitally 

on the storage medium located at the end of the thesis. 
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