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Abstract

The casting behaviour, microstructure formation and resulting mechanical properties of materials that undergo a peritectic phase
transition during solidification are largely determined by the kinetics of this high-temperature phase transformation during the produc-
tion process. However, current nucleation models do not accurately predict the nucleation behaviour and phase transition kinetics in
many polycrystalline materials. Utilizing a newly developed experimental technique, we have performed in situ observations to study
the nucleation behaviour of a newly forming intermediate phase by using the peritectic phase transition in Fe–C and Fe–Ni alloys as
examples. In our experiments as well as by using thermodynamic and kinetic arguments we demonstrate that nucleation of a new inter-
mediate (peritectic) phase can be constrained in the presence of solute diffusion fields that form during primary solidification due to an
increase in the Gibbs free energy barrier for nucleation. We found a strong correlation between the magnitude of these diffusion fields
and the resulting nucleation undercooling required for the formation of a new phase. Our study casts new light on, and clarifies for the
first time, the much-debated underpinning reason for the occurrence of massive phase transformations occurring during solidification
processing at large nucleation undercoolings. These new insights contribute to the improvement of nucleation theory and allow more
accurate predictions on nucleation events and, in turn, physical properties of materials that undergo phase transitions in the course
of materials production processes.
� 2014 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

The formation of crystalline solids from solution is fun-
damental to many natural and industrial processes. The
crystallization process begins with nucleation, which plays
a central role in determining the structure and size
distribution of the crystals [1]. These crystallization pro-
cesses are important in a variety of fields such as medical
engineering, nanoparticle production, protein crystalliza-
tion, and the solidification of metals and alloys. Hence, it
is critically important to understand the fundamental scien-
tific principles underpinning this initial, often limiting, step
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in the phase transformation process. Only with such under-
standing can we exercise control over and optimize solidi-
fication structures of significance to our industries that
work towards the enhancement of the quality of human
life.

In the classical picture, nucleation is a stochastic process
in which compositional fluctuations induce the formation
of clusters that are unstable with respect to dissolution.
Clusters increase in both size and free energy due to the cre-
ation of an interface until a threshold is crossed, where-
upon the free energy reduction due to forming the new
phase overcomes the penalty for creating an interface,
and growth proceeds spontaneously. However, recent
observations have clearly suggested that this classical
theory of nucleation often fails to predict nucleation
rights reserved.
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Fig. 1. Schematic illustration of the concentric solidification technique for
HTLSCM. The sketch on the left hand side shows the concentration
distribution and solute diffusion fluxes Ji in the vicinity of a c cluster at the
d/L interface.
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behaviour during phase transitions [2,3], such as the peri-
tectic phase transition. Materials that undergo the peritec-
tic phase transition include technologically important
materials such as steel, copper and aluminium alloys,
nickel-based superalloys and titanium aluminides as well
as magnetic and electronic materials for the superconduc-
tor industry [4–6]. For instance, the production of large
single-crystal (RE)–Ba–Cu–O superconductors is based
on the formation of the RE-123 phase through a peritectic
reaction [7] at high undercoolings in order to improve the
kinetics of the reaction [8]. The pivotal role nucleation
can play in peritectic systems can be illustrated with refer-
ence to the Al–Ti system. The primary intermetallic Al3Ti
phase that forms in the course of the peritectic transition
can act as a nucleant for aluminium grains [9–12] and these
nucleation events are fruitfully utilized to achieve grain
refinement during casting or welding.

The peritectic phase transition occurring in the Fe–C
system at 1768 K is arguably the most important peritectic
from an industrial point of view since much of the more
than 1.5 billion tonnes of steel produced annually under-
goes this phase transition. Moreover, this peritectic reac-
tion and subsequent peritectic transformations have been
implicated in a myriad of difficulties encountered in the
production process that hamper production rates and
result in inferior product quality [13]. In the Fe–C system,
the liquid and primary solid d-ferrite phases produce a
second c-austenite solid phase (d + L! c) with a different
crystal structure than d. Under equilibrium conditions,
nucleation of c occurs at d grain boundaries that are in
contact with liquid at a temperature just below the equilib-
rium peritectic temperature, TP

E. Following the nucleation
event, the c-phase grows along the liquid/d interface
(termed the peritectic reaction) and subsequently further
into the d and into the remaining liquid (the peritectic
transformations). However, at high cooling rates the d
to c phase transition is suppressed and a transformation
occurs by a massive-type of phase transformation [14–16].
The mechanism by which this massive-type of transition
occurs has never been satisfactorily explained notwith-
standing the fact that it is this phase transition that seems
to be the root cause of the quality defects encountered
in the continuous casting of steel [16]. Jacot et al. [17]
recently showed that solute-trapping-free massive transfor-
mation can occur above the limit of absolute stability, i.e.
at high velocities of the transformation front without the
need of high nucleation undercoolings. However, linked
to the occurrence of the massive-type of transformation
in peritectic systems is the observation that significant
undercooling is required to induce this massive-type of
transformation, which in turn suggests a mechanism
linked to a nucleation constraint. The occurrence of high
nucleation undercooling in peritectic systems and the
resulting massive transformation of d to c has frequently
been reported [14–15,18–20], but a satisfactory explanation
for these nucleation constraints is still lacking. The
application of classical nucleation theory (CNT) [21] to
explain the high nucleation undercooling in peritectic
systems has had limited success since the experimentally
determined temperature at which c nucleation occurs
(undercooling below the equilibrium peritectic tempera-
ture) is much lower than can be explained by this theory
[18,19]. Fundamental understanding of the nucleation
process in peritectic systems is still in its infancy and the
present study is aimed at providing new insights with
respect to constrained nucleation events.

2. Experimental

Progress in the study of nucleation behaviour in metallic
systems during peritectic solidification has been inhibited
by the difficulties encountered in conducting experiments
at the elevated temperatures at which they occur. However,
the development of techniques for the in situ study of high-
temperature phase transformations, such as transmission
X-ray observation, the Bridgman furnace and high-temper-
ature laser-scanning confocal microscopy provides the abil-
ity to capture solidification processes in real time and high
resolution as well as to observe and measure the morphol-
ogy and kinetics of phase transformations. We employed a
concentric solidification technique [22–25] within a high-
temperature laser-scanning confocal microscope to study
in situ the nucleation behaviour and transformation kinet-
ics of the peritectic phase transition in Fe–C and Fe–Ni
alloys as examples of the nucleation behaviour of a newly
forming intermediate phase. Specimens (9.8 mm diameter
and 250 lm thick) are placed beneath a quartz viewpoint
in a gold-plated, ellipsoidal infrared heating furnace under
an ultrahigh-purity argon atmosphere. A 1.5 kW halogen
lamp located at one focal point of the ellipsoidal cavity
heats the specimen positioned at the other focal point. Cap-
italizing on a radial thermal gradient across the specimen, a



Fig. 3. Nucleation and growth of c at a d-grain-boundary in contact with
L in a Fe–0.43 wt.%.
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centralized pool of liquid is formed, which is surrounded by
a solid rim of the same material [22], as illustrated in Fig. 1.

In Fig. 2 the initial conditions prior to solidification are
illustrated with respect to the Fe–C phase diagram. Speci-
mens are heated to an initial temperature Ti within the
two-phase region d + L, held isothermally at this tempera-
ture for homogenization and subsequently solidified at a
previously determined cooling rate. The resulting propaga-
tion of the L/d interface is tracked using specially devel-
oped image-processing software [26] until nucleation and
growth of c occurs at this interface. A benefit of the con-
centric geometry of the experimental arrangement is that
the phase fractions can be measured in situ at any given
moment during the experiment, enabling an accurate
determination of the fraction of primary solidified d,
DfS(d) = fS(TP) � fS(Ti), prior to c nucleation.

3. Results

When a specimen of Fe–C alloy is solidified from an ini-
tial temperature just above T E

P (Ti = 1769 K) at a cooling
rate of 1 K min�1, nucleation of c occurs at TP = 1768 K
(i.e. T E

P ), very close to chemical and thermal equilibrium,
as predicted by CNT. Once nucleation of c occurs, imme-
diate subsequent growth of c (i.e. peritectic reaction) con-
tinues at an equal rate along the L/d interface in both
directions from the nucleation site as shown in Fig. 3.

By contrast, on cooling at the same rate but from higher
initial temperatures (Ti > 1769 K), nucleation of c occurs at
temperatures well below T E

P (i.e. at higher nucleation und-
ercooling, DTP). This observation cannot be explained by
CNT. Further analysis on this phenomenon revealed that
the higher fraction of primary solidified d, DfS(d), that
accompanies the higher initial temperature (as observable
in the corresponding phase diagram, see Fig. 2) leads to
the creation of pronounced solute concentration gradients
Fig. 2. Schematic illustration of the initial conditions prior to solidifica-
tion in the Fe–C phase diagram.
in d due to partitioning and insufficient back-diffusion.
These concentration gradients result in the diffusion of sol-
ute (i.e. carbon) from the liquid, through the L/d interface
(c nucleation site) into d and the higher the magnitude of
this flux, the higher the undercooling before c nucleation
initiates. An increase in DfS(d), with the concomitant
increase in magnitude of the carbon diffusion flux, leads
to increased nucleation undercooling (DTP), which, in turn,
leads to an increased rate of the subsequent peritectic phase
transition (d to c) due to the higher thermodynamic driving
force for the formation of c below T E

P . The relationship
between DTP and the observed high kinetics of the peritec-
tic transition has often been reported by other researchers
[14,15], but until now no explanation has been given for
the root cause of the existence of DTP.

Fig. 4 shows the effect of the fraction of primary solidi-
fied d on the resulting nucleation undercooling at two dif-
ferent cooling rates. Different values of DfS(d) were
obtained by heating to different initial equilibration
temperatures (Ti) prior to solidification. A higher initial
Fig. 4. Influence of the fraction of primary solidified d on the nucleation
undercooling of c in a Fe–0.18 wt.%C alloy for different cooling rates.
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temperature results in a larger initial liquid pool radius and
therefore a higher value of DfS(d) prior to c nucleation, as
sketched on the bottom right in Fig. 4. Lower cooling rates
lead to shallower solute concentration gradients in d and
allow more time for back-diffusion of the partitioned solute
during primary d solidification. This reduces the diffusional
flux during nucleation of the c phase. Conversely, higher
cooling rates result in strong diffusion fields across the
L/d interface, leading to constrained nucleation of c and
higher undercooling (DTP) before nucleation occurs.

4. Discussion

Our experimental observations of solidification occur-
ring close to equilibrium conditions are in agreement with
CNT predictions (see Fig. 3) since there are no strong sol-
ute diffusion fields present. According to CNT, when the
temperature of the L/d interface drops below the equilib-
rium peritectic temperature, T E

P , clusters of c form at d
grain boundaries that are in contact with the liquid phase
due to local fluctuations in concentration, and it is reason-
able to suppose that many of the atoms that were in some
volume around the precipitate came together to make the
nucleus. This would mean that the composition in the
matrix is depleted, and how this depletion will influence
the growth of the nucleus depends on the time it takes to
form a nucleus, compared to how rapidly the species can
move around to change the environment in the vicinity of
the nucleus [27].

However, upon non-equilibrium solidification and in the
presence of solute concentration gradients in the parent
phase(s), these clusters form within a solute diffusion field,
meaning that from the very beginning these clusters have to
allow diffusion fluxes to pass through themselves in a con-
stantly changing environment. In such an environment, the
rate of attachment of atoms to the cluster might be differ-
ent from the rate of atom detachment from the same clus-
ter, depending on the atomic mobility in the adjacent
phases. The interaction of atoms surrounding the cluster
leads to non-equilibrium thermodynamics, which is not
taken into consideration in CNT.

In a thermodynamic open system, the total internal
energy U contained in this system is the sum of all forms
of energy intrinsic to this system. The total change in
internal energy of a system considering internal as well as
external influences may be written as:

dU ¼ T � dS � P � dV þ F � dlþ w � deþ
Xn

i¼1

li � dN i þ � � �

ð1Þ
Eq. (1) relates the total change in internal energy to the

sum of the products of intensive variables of temperature
T, pressure P, contractile force F, chemical potential li,
electrical potential w, and the changes in extensive proper-
ties of the entropy dS, volume dV, contractile length dl,
number of particles dNi, and electric quantity de [28]. A
number of extra terms may be added, depending on the
particular system being considered. When the external
potential energy of a system, caused by a gravitational,
electrical or magnetic field, is held constant during an
energy exchange with the environment, the remaining
energy change of this system is referred to the change dU
of its internal energy U:

dU ¼ T � dS � P � dV þ
Xn

i¼1

li � dNi: ð2Þ

The useful or available energy obtainable from such a
thermodynamic system for a given temperature and pres-
sure is referred to as the Gibbs free energy, G, which is
defined as G = U + pV � TS. Substituting Eq. (2) in the
total differential of the definition of G yields the change
in Gibbs free energy, dG, which determines whether a
phase can be thermodynamically stable or not, and can
be expressed as follows:

dG ¼ V � dP � S:dT þ
X

i

li � dN i: ð3Þ

Eq. (3) is one form of the Gibbs fundamental equation
[29] where the term containing the chemical potentials
accounts for the change in Gibbs free energy results from
an influx or outflux of atoms, or in other words, the exis-
tence of a surrounding diffusion field. This distinct diffu-
sional flux of solute (in this instance carbon) through the
cluster itself interferes with the statistical fluctuations in
atom movements that form the cluster and increases the
Gibbs free energy barrier to nucleation. It is this increase
in Gibbs free energy that leads to an increase in the extent
of undercooling required to nucleate the new phase. The
clear implication is that the nucleation constraint can be
decreased by lowering the diffusion flux or alternatively
by decreasing the diffusivity of the solute element(s). In
order to test this premise, two experiments were conducted.
In the first experiment the flux of carbon in a Fe–C alloy
was deliberately changed so as to induce nucleation, as dis-
cussed below and shown in Fig. 5, while in the second
experiment the extent of undercooling achieved in Fe–C
alloys was compared to that in Fe–Ni alloys, since the
diffusivity of interstitial carbon atoms at the peritectic
temperature in Fe–C alloys (Dd

C = 5 � 10�9 m2 s�1 [30]) is
significantly greater than that of substitutionally dis-
solved nickel atoms (Dd

Ni = 2.1� 10�11 m2 s�1 [15]) in Fe–Ni
alloys. Order-of-magnitude calculations have been per-
formed to calculate the extent of the emerging concentra-
tion gradients Gd

i of component i in d and the resulting
solute fluxes J d

i across the L/d interface (i.e. c nucleation
site) using diffusion modelling software [31–33]. These cal-
culations could be done with confidence since our earlier
work has clearly shown that it is justified to use these
simulations to estimate diffusion fluxes in our concentric
solidification experiments [24,25]. Experimental determina-
tion of the emerging concentration gradients was not
possible, since in the Fe–C alloys the very high diffusivity



Fig. 5. Progression of the L/d interface and emerging carbon diffusion
fluxes J d

C during primary solidification of d with an effective cooling rate of
7 K/min and subsequent isothermal holding at 1757 K (DTP = 11 K) in a
Fe–0.10 wt.%C alloy.

Fig. 7. Section of the Fe–C phase diagram showing the conditions for a
massive transformation of d to c for a concentrically solidified Fe–
0.10 wt.%C alloy.
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of carbon and the subsequent austenite decomposition,
masking the higher-temperature transformation, makes it
impossible to experimentally determine these concentration
gradients at room temperature.

In the first experiment, the progression of the L/d inter-
face in a Fe–0.10 wt.% C alloy was tracked in situ during
primary solidification of d from an initial temperature
Ti = 1786 K under an effective cooling rate of 7 K min�1,
as shown in Fig. 5. The specimen was then held isother-
mally at 1757 K, 11 K below the equilibrium peritectic tem-
perature (DTP = 11 K). Nucleation of c is constrained due
to the formation of a concentration gradient of carbon in d
during primary solidification and the resulting diffusion
flux of carbon across the L/d interface. The diffusion flux
Fig. 6. Massive transformation of d to c in a concentrically solidified Fe–0.10 w
nucleation.
of carbon was calculated as 0.23 lm s�1 at the instant that
the equilibrium peritectic temperature is reached (1768 K)
and 0.30 lm s�1 when cooled to 1757 K. During isothermal
holding at 1757 K, back-diffusion of carbon from L to d
leads to a shallower concentration gradient of carbon in
the d-phase with a concomitant decrease in the diffusional
flux of carbon through the c-cluster. This continuous low-
ering of the diffusional flux decreases the interference with
cluster formation (i.e. decreasing the last term in Eq. (3))
and when this flux is low enough, a stable nucleus will
form. In this instance a stable c-nucleus formed after
345 s of elapsed isothermal holding time when the carbon
flux was reduced to 0.07 lm s�1.

In the second experiment, specimens of Fe–0.18 wt.% C
and Fe–4.2 wt.% Ni alloys, respectively, were concentrically
t.%C alloy at TP = 1746 K (DTP = 22 K) due to diffusional constrained c
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solidified under the exact same experimental conditions
using a cooling rate of 10 K min�1. In the Fe–0.18 wt.% C
alloy, a fraction of primary solidified d-ferrite, DfS(d) = 0.07
resulted in an undercooling of DTP � 8 K, whereas in the
Fe–4.2 wt.% Ni alloy a much higher fraction of primary
solidified d-ferrite, DfS(d) = 0.34 resulted in much lower
undercooling, DTP� 1 K. The solute concentration gradients
in d prior to c nucleation were in the range of Gd

C � 30 m�1

and Gd
Ni � 350 m�1, respectively. Even though the concen-

tration gradient of nickel was approximately ten times
higher than that of carbon, the higher diffusivity of carbon
led to a much higher flux J d

C � 0.15 lm s�1 of carbon
atoms compared to the flux J d

Ni � 0.007 lm s�1 of nickel
atoms. The finding that the significantly smaller nucleation
undercooling in the Fe–Ni alloy is due to the lower
diffusion fluxes of substitutionally dissolved nickel atoms
compared to the strong fluxes of interstitial carbon atoms
in the Fe–C alloy provides convincing experimental
evidence of the premise that constrained nucleation of c
results neither from the amount of primary phase present,
nor from the pertaining concentration gradient, but is the
result of the diffusional solute flux Ji through the c nuclei
(see Fig. 1), thus increasing the Gibbs free energy barrier
to nucleation.

A frequent observation that is linked to high nucleation
undercoolings in peritectic systems is the occurrence of
massive transformations. Fig. 6 shows the observed
progress of a massive transformation of d to c in a concen-
trically solidified Fe–0.10 wt.% C alloy. According to the
principles of thermodynamics, massive transformation
can occur if the free energy of the system is reduced by
transforming one phase directly into another. The thermo-
dynamic condition for a massive transformation to occur is
that the Gibbs energy of the product phase is smaller than
that of the parent phase for the same composition. The
critical limit for such a transformation is the allotropic
phase boundary, which is often denoted by T0, which is
the condition where two phases have the same Gibbs free
energy value if they had the same composition.

When nucleation of the c-phase in Fe–C alloys is suffi-
ciently constrained via diffusive suppression, so that the
temperature of the L/d interface drops below the T0 tem-
perature of the corresponding composition (allotropic
phase boundary), C�d in Fig. 7, massive transformation of
d to c can occur. Such a massive-type of transformation
has frequently been observed in peritectic systems
[14,15,18–20,24], but the underpinning reason for the
occurrence of high nucleation undercoolings causing such
a transformation has now for the first time been clarified.

5. Conclusion

We have presented for the first time an in situ quantifi-
cation of the dependency of the early nucleation process on
the presence of solute diffusion fields in the direct vicinity
of the newly forming cluster. We showed using thermody-
namic and kinetic arguments that the Gibbs free energy
barrier for nucleation of an intermediate phase is strongly
influenced by the atomic mobility and thus must not be
neglected in modern nucleation theory. We conclude that
the current models do not accurately predict the phase
transformation kinetics during peritectic solidification,
and that future nucleation models should take into account
the atomic mobility and kinetics of the diffusion process
around the cluster as well. This is of special importance
for systems with high atomic mobility such as high-temper-
ature phase transformations, but might be negligible for
phase transformations at lower temperatures. Further-
more, we have identified the root cause for the massive type
of transformation in steels that undergo a peritectic phase
transition during casting. From a technological perspec-
tive, these new insights are of great importance to advanced
materials production processes, which relies heavily on
nucleation and growth models to design and produce tai-
lor-made materials.
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